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Ultrahigh-strength bulk alloys with martensitic structures are essential for
heavy-duty applications and infrastructure. However, they often contain
small-angle grain boundaries (SAGBs), which enhance ductility but weaken
resistance to dislocation motion. This limitation restricts tensile strength
to below 2.5 GPa, even when nanoprecipitates or hierarchical architectures
areintroduced. Here we overcome this limitation by developing a
near-single-phase martensitic alloy with a tensile strength exceeding 3 GPa.
Inthe model (Fe,9C0,,M0;1)99B(3Co; (at.%) alloy, cold rolling followed

by low-temperature annealing introduces a high density of dislocations
and drives Mo, C and B atoms to cosegregate at the SAGBs, forming
interface complexes. These complexes stabilize the SAGBs, reinforce
barriers to dislocation motion and still permit dislocation transmission
across boundaries. As aresult, the alloy achieves a tensile yield strength

of 3.05 GPaand a fracture elongation of 5.13%, setting abenchmark for
ultrahigh-strength, ductile alloys. This simple, scalable process integrates
seamlessly with existing manufacturing methods and opens a path to
next-generation structural materials.

Ultrahigh-strength bulk metallic materials underpin advanced
structural applications across aerospace, transportation and energy
sectors', Alloys featuring lath martensite—an outcome of arapid, dif-
fusionless austenite-to-martensite transformation*—have long epito-
mized theultrahigh-strength class’. Their exceptional strength derives
from an ultradense network of dislocations and finely spaced martensi-
ticboundaries, which canelevate the martensitic matrix’s yield strength
into the1-1.4 GParange®. In particular, the high fraction (50-70 vol.%)

of lath and sub-block boundaries, predominantly small-angle grain
boundaries (SAGBs), reinforces the matrix through substantial dis-
location strengthening, contributing over 65% of the total strength’.
Yet, although these SAGBs offer superior coherency with the matrix to
facilitate dislocation transmission and accommodate plastic strain®—
thereby mitigating stress concentration and premature failure—they
inherently compromise their ability to impede dislocation motion,
thus capping the maximum achievable strength.
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Efforts to push martensitic alloys towards higher strength—often
through the introduction of high-density precipitates or hierarchical
substructures—have met with limited success, typically reaching an
upper limit near 2 GPa (refs. 3,9,10). The constraints are multifold:
precipitation hardening is restricted by equilibrium solubility, and
microstructure-dependent dislocation strengthening suffers from
thermodynamicrecovery. Theseintrinsic limitations, combined with
the inherent penetrability of SAGBs, have perpetuated a trade-off
between strength and ductility, with state-of-the-art alloys rarely sur-
passing 2.5 GPainyield strength and often displaying fracture elonga-
tions below 3% (refs. 11-13).

Here, we report a 3GPa-class martensitic alloy, (Fe,;4C0,,M0;1)q0,
B,;Co; (at.%), strengthened by dislocations and interface complexes.
A streamlined processing route—cold rolling to generate a high den-
sity of dislocations and SAGBs, accounting for over 70% of the total
boundary fraction, followed by low-temperature annealing—drives
the cosegregation of Mo, C and B at these boundaries. This segrega-
tion leads to the formation of interface complexes that stabilize the
SAGBs and transform them into robust nanoscale barriers to dislo-
cation motion. These stabilized interfaces, together with the dense
dislocation network, enhance the yield strength by over 2 GPa while
preserving dislocation transmissibility and ductility. The resulting
near single-phase martensitic alloy achieves atensile yield strength of
3.05 GPacoupled withafracture elongation of 5.13%, thereby redefining
the conventional strengthening paradigm and setting abenchmark for
ultrahigh-strength structural materials.

Results
Alloy design
To surpass conventional strength limits, weimplemented aboundary-
segregation engineering strategy designed to maximize dislocation
blockage and suppressing crack nucleation**". Unlike traditional
multiphase strengthening, which is inherently limited by the volume
fraction and spatial distribution of secondary phases, our approach
harnesses high-density dislocations and SAGBs as controllable defect
regulators. The alloy-design framework rests on three synergistic pil-
lars: (1) a martensitic matrix, (2) sufficient cold-workability enabling
severe plastic deformation to imprint a dense, uniform network of
defects, and (3) cosegregation of metallic and interstitial elements
to stabilize these defects. Together, the first two guarantee an ample
defects reservoir, whereas the third converts that reservoir into a
stable, strengthening architecture. Through combinatorial compo-
sition optimization and thermomechanical processing design, we
developed a Fe-Co-Mo medium-entropy martensitic alloy system,
where cobalt thermally stabilizes body-centred cubic martensite',
while molybdenum induces severe lattice distortion via atomic size
mismatch (6 =8.8%)". The martensitic matrix naturally harbours a high
density of defects (dislocation density >10™ m), generating synergistic
strengthening effects through lattice distortion hardening and solid
solution strengthening. The introduction of interstitial atoms, such
asboron (0.3 at.%) and carbon (0.1 at.%), enhances hardenability and
strengthens interfacial bonding'®°. Cold rolling increases dislocation
density, and subsequent low-temperature annealing stabilizes these
defects through boundary segregation, facilitating the formation of
interface complexes that ultimately optimize mechanical performance.
On the basis of the above concept of the alloy design strategy,
the composition of the model alloy was established through a ther-
modynamically guided and experimentally validated process. The
Mo content was initially set to 11 at.% based on the ternary phase dia-
gram reported (Supplementary Fig. 1), which ensured the stability of
single-phase austenite at high temperature?. Subsequent CALculation
of PHAse Diagrams (CALPHAD) calculations for the Fe,Cog,_ Moy, Sys-
tem, combined with experimental validation, identified an optimal
Fe/Co ratio of 49/40, providing the best balance of strength and duc-
tility after annealing (Supplementary Fig. 2). Systematic variations
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Fig.1|Mechanical properties. a, Room-temperature tensile engineering
stress—strain curves. o, represents the yield strength (circles), 0,1 denotes the
ultimate tensile strength (squares) and &;is the fracture elongation (triangles).
ST:theas-cast alloy underwent solution treatment at 1,200 °C for 2 h. CR: the
alloy experienced cold rolling with an 85% thickness reduction after ST. CRA: the
alloy was annealed at 450 °C for 20 min following CR. The inset shows the tensile
sample dimension. The data points and error bars represent the mean + s.d.
taken from four independently tensile samples. b, Fracture morphology of

the CRA alloy. ¢, Additional fracture morphology details for the CRA alloy.

d, A comparison of mechanical properties of the CRA alloy with conventional
ultrahigh-strength alloys, including austenitic/martensitic alloys®'***™*, ferritic
and martensitic/austenite dual-phase alloys***°, high-strength martensitic alloys
strengthened by second-phase particles"**'>"**'73 and medium-entropy alloys
(MEAs)/high-entropy alloys (HEAs)™®. The CRA alloy exhibits an ultrahigh yield
strength exceeding 3 GPa.

in Mo content from 5 to 13 at.% identified 11 at.% as optimal for work-
ability and segregation-induced strengthening (Supplementary
Figs. 3-6), while effects of B and C on interface complex formation
and the resulting mechanical response were verified separately (Sup-
plementary Fig.7). Ultimately, the final composition was determined as
(Fe4C0,M0;1)904B05Co - The calculated configurational entropy (4S..¢)
of the typical (Fe,4C0,,MO0;1)904Bo5Co; alloy is 1.111 R, lying within the
range of 0.69 R < A4S, < 1.61 R that defines medium-entropy alloys®.
Full details of the compositional design and optimization procedures
aredescribed in the Methods.

Mechanical properties

To systematically elucidate the strengthening effect, we conducted
comparative investigations on three processing states of the
(Fe45C04M0;1)006B05Co; medium-entropy alloy: solution-treated (ST,
where the as-cast alloy was homogenized at 1,200 °Cfor2 h), cold-rolled
(CR, where the ST alloy underwent an approximately 85% thickness
reduction) and annealed after cold-rolling (CRA, where the CR alloy
was annealed at 450 °C for 20 min). Figure 1a shows room tempera-
ture tensile engineering stress-strain curves for these alloys. The ST
variant demonstrates a tensile yield strength of 0.93 + 0.05 GPaand a
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Fig. 2| Microstructure characterization. a, Synchrotron HEXRD patterns of the
ST, CRand CRA alloys, along with an enlarged view of the patternsin the inset,
showing that the ST alloy consists of martensite, austenite and boride phases,
while the CR and CRA alloys are predominantly martensite. b, Three-dimensional
EBSD image of the CRA alloy, revealing preservation of deformed textures along
the <001> and <111> crystallographic directions. The RD, TD and ND are indicated.
¢,e,Bright-field TEM images of the CRA alloy, showing massive subgrains within
the TD-RD plane (c), and alamellar microstructure within the ND-RD plane
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(e).d,f, SAED patterns (the selected regions are marked by red and blue circles
inc(d) and e (f), respectively) of the CRA alloy, highlighting the presence of a
single martensitic phase and SAGBs, respectively. g, Three-dimensional APT
reconstruction of CRA alloy, withiso-composition surfaces of 0.5 at.% for both
Cand B. Theimageillustrates the cosegregation of B, Cand Mo along SAGBs.

The 1D compositional profile (blue cylinders) compares the SAGB and matrix
compositions, while the enlarged view (brown square) details the Cand B
distributions across the SAGB. The error bars are standard deviations of the mean.

fracture elongation of 2.76% + 0.36%. By contrast, the CR variant fea-
tures a higher tensile yield strength of 1.94 + 0.01 GPa, along with an
increased fracture elongation of 6.49% + 0.09%. In particular, the CRA
variant exhibits an exceptional tensile yield strength of 3.05 + 0.01 GPa,
which is approximately 2.1 GPa and 1.1 GPa higher than that of the ST
and CR variants, respectively. Further repeated tensile curves for the
CRA alloy are provided in Supplementary Fig. 8, demonstrating the
excellent reproducibility. Moreover, the CRA alloy displays remark-
able microhardness, attaining a value of 802 + 5.9 HV, which surpasses
that of the ST (444 + 3.4 HV) and CR (576 + 1.6 HV) alloys by 80.6% and
39.4%, respectively (Supplementary Fig.9). Despiteits ultrahighyield
strength, the CRA variant maintains arespectable fracture elongation
of 5.13% + 0.40% (Fig. 1a).

Fracture morphology analysis of the CRA variant reveals numerous
dimples (Fig.1b,c), indicating ductile fracture behaviour. Conversely,
thefracture morphology of the ST alloy exhibits large cleavage terraces

(Supplementary Fig.10a-c), suggesting brittle fracture behaviour. The
fracture morphology of the CR alloy shows asimilar dimpled surface to
the CRA variant (Supplementary Fig.10d-f), revealing ductile fracture
behaviour. Figure 1d compares the mechanical properties of the CRA
alloy with those of conventional ultrahigh-strengthalloys, highlighting
thatthe CRA alloy achieves anultrahigh yield strength of approximately
3 GPa, exceeding those of previously reported martensitic alloys and
medium-/high-entropy alloys.

Microstructures

To uncover the mechanismunderlying the ultrahigh strength and the
evolution of intrinsic defects in this alloy, we performed a compre-
hensive microstructural analysis down to the atomic scale. Figure 2a
illustrates synchrotron high-energy X-ray diffraction (HEXRD) patterns
ofthe ST, CRand CRA alloys. All three alloys consist of martensite (o’),
retained austenite (y) and asmall amount of boride (clearly shownin
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the inset of Fig. 2a). Using the Rietveld refinement method based on
the HEXRD results (Supplementary Fig. 11), we determined the volume
fraction of each phase. The ST alloy has a retained austenite volume
fraction of 17 vol.%, whereas the CR and CRA alloys have only 2 vol.%.
Theboride contentinallthreealloysislessthan 0.5 vol.%, whichis fur-
ther confirmed by scanning electron microscopy (SEM) images (Sup-
plementary Fig.12). Further transmission electron microscopy (TEM)
characterization of the ST alloy confirms the presence of nanoscale
y and M,B-type borides with a hexagonal close-packed (hcp) crystal
structure, as verified by selected-area electron diffraction (SAED)
and energy-dispersive spectrum (EDS) mapping (Supplementary
Fig.13a-g). Both y and boride phases retain their morphology and
distribution after tensile fracture (Supplementary Fig.13h-j). Figure 2b
presents the inverse pole figures of the CRA alloy along the rolling
direction (RD), normal direction (ND) and transverse direction (TD).
The CRA alloy exhibits a distinct deformation texture, characterized by
strong <001>and <111> orientations. Moreover, the matrix is enriched
with a substantial fraction of SAGBs, accounting for approximately
71% of the total grain boundary population (Supplementary Fig. 14).
Figure 2c,e shows the bright-field TEM images for the TD-RD plane
and ND-RD plane in the CRA alloy. The matrix reveals a laminated
grainstructure, withindividual layers measuring tens of nanometres
in thickness. Figure 2d presents the SAED pattern corresponding to
the region indicated by the solid red circle in Fig. 2c, demonstrat-
ing the presence of a single o’ martensitic phase and the absence
of nanoprecipitates. Figure 2f depicts the SAED pattern for the area
indicated by the solid blue circle in Fig. 2e, illustrating a SAGB with a
tiltangle of 5°. Further atom probe tomography (APT) measurements
of the CRA alloy reveal the distribution of atoms in the martensite
matrix along two random SAGBs with pronounced carbon and boron
segregation (Supplementary Fig. 15). Isosurface reconstructions at
0.5at.% C and 0.5 at.% B concentrations (Fig. 2g) delineate two dis-
tinct SAGBs, designated SAGB-1and SAGB-2. High-resolution atom
maps confirm notable segregation of boron and carbon along these
boundaries. The concentrations of boron (B) and carbon (C) at the
SAGBs are approximately 0.2 at.%, roughly twice the levels found
in the grain interior (-0.1 at.%). Molybdenum also segregates at the
SAGBs, with concentrations of 8 at.% and 6 at.% at SAGB-1and SAGB-2,
respectively—65% and 22% higher than in the surrounding grain inte-
rior. The CR alloy also exhibits strong <001> and <111> textures, with
ahigh volume fraction of SAGBs (-80%) (Supplementary Fig.16). This
alloy also contains a nearly single o’ martensitic phase with a high
density of dislocations (4.08 x 10" m™) and lamellar grains (Supple-
mentary Fig.17). However, the element distribution in the CR alloy
is uniform, with no notable elemental segregation (Extended Data
Fig.1). These observations suggest that both the CRA and CR alloys
are predominantly composed of a martensitic phase enriched with
SAGBs. Nevertheless, in the CRA alloy, pronounced cosegregation
of Mo, Band Cis observed at the SAGBs, leading to the formation of
interface complexes.

Deformation behaviour

To decipher the impact of interface complexes on microstructural
evolution during deformation, we examined the deformation sub-
structures of the (Fe ,4C0,,M0y;)404Bo5Co; CRA and CR alloys both before
and after tensile testing. Bright-field TEM images of the CRA and CR
alloys before testing (Fig. 3a,b) reveal dense, tangled dislocation net-
works between lath structures in both materials. However, the lath
boundaries in the CRA alloy are distinctly sharp, with widths below
3 nm (Fig. 3a, yellow arrows), whereas those in the CR alloy are more
diffuse, exceeding 6 nmin width (Fig. 3b, greenarrows). This difference
suggeststhat dislocation recovery near the lath boundaries occurredin
the CRA alloy during annealing at 450 °C for 20 min, leading to sharper
boundary features. This effect is probably due to grain boundary
relaxation and a concomitant reduction in dislocations stored close

tograinboundaries®. After tensile deformation to fracture, the sharp
lath boundaries observed in the CRA alloy became blurred (Fig. 3c),
whereas the diffuse boundaries in the CR alloy remained unchanged
(Fig. 3d). Inthe CRA alloy, deformation activated numerous disloca-
tionsources, leading to the accumulation of dislocations near the lath
boundaries and generating strain fields or distortions that blurred the
boundaries.

In situ HEXRD measurements were performed to quantitatively
analyse the microstructure evolution of the alloys during deformation.
Thediffraction profiles of the CRA alloy under tensile loading are shown
in Fig. 3e, revealing no evidence of phase transformation through-
out the deformation process. This result confirms that deformation
occurred entirely within the existing microstructure, meaning thatthe
martensitic microstructure was responsible for accommodating the
plastic deformation. The gradual broadening of diffraction peaks with
increasing strain indicates a rise in defect density, which is attributed
to the accumulation of dislocations (ranging from 5.66 x 10® m2 at
0.5% strain to 2.48 x 10" m™ at 2% strain). Similar in situ HEXRD data
for the CR alloy, shown in Supplementary Fig. 18, also reveal no phase
transformation, with peak broadening corresponding to an increase
in defect density (from 6.95 x 10 m™ at 0.5% strain to 1.64 x 10" m™
at 2% strain) during deformation. Using a modified Williamson-Hall
analysis of theinsitu HEXRD data (detailed in Supplementary Note 1),
we determined the evolution of dislocation density in both alloys, as
shown in Fig. 3f. Initially, the CRA alloy exhibits a dislocation density
18.6% lower than that of the CR alloy. However, as deformation pro-
gresses, the dislocation density in the CRA alloy increases sharply,
reaching 1.5 times higher than that of the CR alloy at later stages of
deformation. This finding indicates a superior dislocation storage
capacity inthe CRA alloy, whichis closely related to its ductility under
super-high flow stress.

Discussion

Formation of interface complexes

Annealing the CR (Fe,,C0,,M0;,)956Bo3Co (at.%) martensitic alloy at
450 °Cfor 20 min promotes the cosegregation of Mo, Cand B at SAGBs,
leading to the formation of interface complexes. We define interface
complexes as defect-mediated cosegregation structuresinwhich metal-
lic and interstitial solutes collectively segregate along high-density
SAGBs without forming clusters or ordered phases. This configura-
tion substantially enhances interfacial cohesion and preserving the
intrinsic body-centred cubic boundary structure, as confirmed by
HEXRD, SAED (Fig.2) and atomic-scale scanning transmission electron
microscopy in high-angle annular dark field mode, Kikuchi diffraction
and EDS analyses (Supplementary Fig.19) that revealed no secondary
phases. Unlike classical grain boundary complexions—which describe
equilibriumthermodynamicstates characterized by discrete boundary
transitions—our interface complexes represent continuous, kinetically
regulated segregation layers. Their high boundary density and tai-
lored chemistry enable a synergy between strength and ductility. These
solute-decorated SAGBs are pivotal to the observed tensile strength
above 3 GPa and offer a avenue for designing next-generation struc-
tural alloys viainterface engineering. Understanding the mechanisms
driving this cosegregation is key to controlling interface chemistry and
structure. According to Gibbs adsorption theory, elemental segrega-
tionis primarily driven by the reduction of interfacial free energy®. In
this alloy, the high density of dislocations and SAGBs in the martensitic
matrix provides both structural pathways and energetic favourability
for the formation of complexes. Supersaturated solute concentrations
further amplify the segregation driving force through enhanced lat-
tice distortion and chemical potential. Cold rolling strengthens these
effects by increasing dislocation density and associated distortion
energy. During annealing at approximately 0.3 T, (ref. 24) (where T;,
is the melting temperature), thermal activation enables solute diffu-
sion. Dislocations serve as fast diffusion channels®?°, whereas a high
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Before tensile test

Fig. 3 | Microstructure evolution of CRA and CR alloys during tensile
deformation. a,b, Bright-field TEM images of the CRA (a) and CR (b) alloys before
tensile testing, showing a high density of dislocations and fine subgrains within
martensite laths. The CRA alloy exhibits distinct, sharp lath boundaries, whereas
the CRalloy exhibits diffuse lath boundaries. ¢,d, Post-tensile microstructures of
the CRA (c) and CR (d) alloys, illustrating the evolution of lath boundaries. In the
CRA alloy, initially sharp lath boundaries became vague following deformation,
whereas the diffuse lath boundaries of the CR alloy remain unchanged. e, In situ

After tensile test
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HEXRD profiles of the CRA alloy along the loading direction at different tensile
true strains, showing no phase transformation and progressive peak broadening
with strain, indicative of increasing defect density. f, Dislocation density
evolutionin CRA and CRalloys as a function of true strain. The dislocation
density of the CRA alloy increases rapidly during early deformation, surpassing
that of the CR alloy in the late plastic deformation stage, reflecting enhanced
dislocation storage capability in the CRA alloy.

vacancy density promotes non-equilibriumsegregation”?, collectively

accelerating solute migrationtointernal interfaces and facilitating the
rapid assembly of interface complexes.

Furthermore, configurational entropy (AS..) plays a pivotal role
in enabling high supersaturation of solute atoms, thereby providing
bothkineticand chemical driving forces for the formation of interface
complexes. By analysing the relationship between configurational
entropy (AS...s) and the strengthening contribution from interface
complexes (AGiyerface complexes) aCross all alloy systems investigated (Sup-
plementary Table 1), we found that, within a single matrix family, for
example, the (Feq,_,C04,0MO0,)90Bo5Co 1 (X=5,7,9,11and 13 at.%) series,
a positive correlation between AS,.c and AGiycerface complexes €XiStS, indi-
cating that configurational entropy facilitates formation of inter-
face complexes. Across chemically distinct systems, such as between
(Fe50C040(TiVMOW)10)00.6B0.3Co.1 and (FeqoC0,Ni;sMOs)o06Bo3Co1
alloys, however, no universal correlation exists; matrix-specific chem-
istry and kinetics dominate.

Infact, AS.,rdoes notdirectlyinduceinterface complex formation
but promotesitindirectly by stabilizing supersaturated solid solutions.
Higher configurational entropy suppresses precipitation of brittle
intermetallic compounds and enhances solute solubility, thereby
increasing lattice distortion and defect density during cold rolling. On
annealing, these defects provide fast diffusion pathways, whereas the
supersaturated solutes contribute both chemical potential and mobil-
ity for redistribution. Consequently, elevated AS,ultimately provides

the kinetic pathway for interface complex formation by enhancing
solute solubility and preventing formation of brittle phases, collec-
tively ensuring both strengthening and good processability of the alloy.

Inaddition to the driving forces, the intrinsic characteristics of the
elements also influence the formation of interface complexes. Using
the Arrhenius equation®”*°, we calculated the diffusion coefficients
D for all constituents. The diffusion coefficient for B and Cis 9-10
orders of magnitude higher than that for Fe, whereas the diffusion
coefficient for Mo is 3 orders higher than that for Fe (Supplementary
Table 2). The diffusion distances L for C, B and Mo, estimated using
L = (Dt withdiffusiontimet=1,2005s,are4.52 um,2.73 pmand 21 nm,
respectively (D denotes the diffusion coefficient of each element).
The larger diffusion distances for B and C compared with the scale of
the lamellar nanostructure in the deformed CR alloy indicate that B
and C can be redistributed extensively during annealing. In addition,
the more negative mixing enthalpies between Mo and B/C compared
with those between Mo and Fe/Co (Supplementary Table 3) suggest a
strong chemical affinity between Mo and B/C during annealing™. This
drives the cosegregation of Mo with B and C along SAGBs, resulting in
the formation of interface complexes.

To delve deeper into the energy dynamics of the formation of
interface complexes, we used a hybrid density functional theory/Monte
Carlo (MC) method to calculate the energy changes caused by Mo
segregation at small-angle tilt grain boundaries (Supplementary Note
2). The atomic structures of the [001](510) and [001](510) boundaries
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Fig. 4 | Quantification of dislocation structure parameters for the CRA and CR
alloys. a, Extended Kocks-Mecking plot for the CRA (circles) and CR (triangles)
alloys. The dashed red lines represent the model fitting based on equation (1).

O denotes the work-hardening rate, and p; and pcg, represent the dislocation
densities in the CR and CRA alloys, respectively. b, Microstructural schematic of
the CRA and CRalloys during the pre-yield stage. L represents the dislocation
segment lengths. The CRA alloy exhibits alower dislocation density and shorter

Probability

dislocation segment lengths compared with the CR alloy. ¢, Root mean square
(RMS) of the residual strain as a function of scan size, shown in alog-log plot.
Fitt., the linear fit of the RMS-scan size curve. d, Mean free path of dislocations in
the CRA and CRalloys at 1% and 2% residual strain, calculated using the discrete
dislocation dynamics method. Data points and error bars denote the mean
distance +s.d. measured from 99 dislocation nodes to their nearest dislocation
segments on theslip plane.

before and after 500 MC swaps are shown in Supplementary Fig.20a,b.
After 500 MC swaps, noticeable Mo segregation near these boundaries
was observed. The energy evolution of the system over MC stepsreveals
asharpdecreaseintheinitial 100 steps, followed by a gradual decline
(Supplementary Fig.20c). This rapid initial energy reduction suggests
thateven minor Mo segregation substantially stabilizes SAGBs through
boundary relaxation and a reduction in boundary excess energy. The
results confirm the energetic favourability of Mo segregation, coupled
with the more negative mixing enthalpies between Mo and B/C, which
drives their cosegregation at SAGBs and leads to the formation of
interface complexes (Fig. 2g). After Mo segregation, the grainboundary
energy decreased by 0.07 eV A2, whereas the grain boundary fracture
energy increased by 0.049 eV A2 (Supplementary Fig. 20d), highlight-
ingthe substantialimpactof segregation ongrainboundary properties.
Giventhatboth CRA and CRalloys exhibit dimple fracture morphology,
indicative of transgranular fracture (Fig. 1b,c and Supplementary

Figs.10e,f), thereductioningrainboundary energy enhances boundary
stability—particularly beneficial for the yield strength of nanostruc-
tured materials. Simultaneously, the increase in grain boundary frac-
ture energy reflects improved boundary cohesion, conferring
enhanced fracture resistance and contributing to improved
ductility.

Role of interface complexes

To assess theimpact of the interface complexes on strengthening, we
quantitatively analysed dislocation segment lengths in CRA and CR
alloys using the extended Kocks-Mecking model*>*. In crystalline
metals, the initial microstructure comprises dislocation lines and lat-
tice defects. Dislocations interact through their surrounding strain
fields, forming a continuous network, known as the Frank net*. This
network interacts with microstructural features suchas solute atoms,
grain boundaries, other dislocations and precipitates. The points at
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which theseinteractions occur, referred to as pinning points, impede
dislocation motion. Dislocation density and the distribution of disloca-
tionsegment lengths—the distance between these pinning points—are
key factors influencing the strength and deformation behaviour. Van
etal.” demonstrated that the extended Kocks-Mecking model enables
the estimation of these parameters before plastic deformation, based
on tensile curves. The corresponding equations and computational
procedures are provided in Supplementary Note 3.

The extended Kocks-Mecking plots for CRA and CR alloys in the
pre-yield stage were fitted. The results, shown by the dashed red lines
inFig.4a, closely align with the experimental data from the Kocks-Meck-
ing model. The fitting parameters—the dislocation density p and the
dislocation segment lengths [—are1.21 x 10° m2and19.4 + 0.01 nm for
the CRA alloy, and 1.99 x 10® m2and 31.5 + 0.04 nm for the CR alloy,
respectively. The dislocation densities of the two alloys are comparable
and align with values obtained from HEXRD measurements, confirming
thevalidity of thismodel. These results suggest thatinterface complexes
in the CRA alloy mechanically stabilize SAGBs, increasing the number
of effective pinning points and reducing dislocation segment lengths
L.Specifically, the CRA alloy exhibits a38% shorter average dislocation
segment lengths L compared with the CRalloy (Fig. 4b). Thisindicates
that interface complexes transform unstable SAGBs (that is, unstable
pinning points) into more stable ones (that s, stabilized SAGBs; Fig. 4b,
blue dots), effectively hindering dislocation motion at higher stresses
and markedly enhancing the yield strength of the CRA alloy.

Tofurtherelucidate therole of interface complexesin strengthen-
ing, we quantified theyield strength contributionsinboththe CRAand
CRalloys. The detailed calculation process is provided in Supplemen-
tary Note 4. A comparison between the calculated and experimental
yield strengths for both alloys is shown in Extended Data Fig. 2. For the
CRAalloy, the calculated yield strength agrees well with experimental
results, with solid-solution hardening and dislocation strengthening
identified as the primary contributors. However, for the CRA alloy,
thereisanevidentdiscrepancy of approximately 1.4 GPabetween the
calculated (Aoc, ;) and experimental yield strengths when using the
samegrainboundary strengthening asin the CRalloy. This discrepancy
probably arises from the presence of interface complexes, which sta-
bilize SAGBs and alter their interaction with dislocations, thereby
providing an additional strengthening contribution.

To clarify this point, we calculated the residual strain field distribu-
tion near the SAGBsin both alloys using the discrete dislocation dynam-
ics method (Supplementary Note 5). The CRA alloy exhibits a larger
upper limitand longer wavelength for the strain field induced by devia-
toric lattice distortion compared with the CR alloy (Fig. 4c and Sup-
plementary Fig. 21). This indicates that interface complexes generate
astronger strainfield, which conducively impedes dislocation motion
across these boundaries®*°. Consequently, the dislocation mean free
pathinthe CRA alloyis shorter than thatin the CR alloy (Fig. 4d), indi-
catinga higher density of dislocation barriers during tensile deforma-
tion”. This increased barrier density enhances dislocationinteractions
and facilitates efficient dislocation storage, thereby promoting strain
hardening and contributing toimproved ductility. The mean free path
was determined by statistically measuring the distances between
dislocations and calculating the average, with snapshots of the disloca-
tionstructures provided in Supplementary Fig. 22. Theinterface com-
plexesinthe CRA alloy strengthenthe strain field at SAGBs, increasing
resistance to dislocation motion and reducing the dislocation mean
free path. This, in turn, contributes to the higher strength of the CRA
alloy. To quantify this effect, we substituted the grain size of the lamellar
SAGBsinthe CRA alloy into the Hall-Petch equation for strengthening.
The calculatedyield strength (Ao, ») closely matches the experimental
value (Extended Data Fig. 2), suggesting that interface complexes
considerably enhance grain boundary strengthening by making the
SAGBs behave similarly to high-angle grain boundaries in terms of their
contribution toyield strength in the CRA alloy.

To explore the origin of the ductility of the CRA alloy, we per-
formed stress relaxation experiments. The stress relaxation curves at
atrue strain of 0.018 for the CRA and CR alloys are shown in Supple-
mentary Fig. 1a,b. We then measured the apparent activation volume
(V***) for both CRA and CR alloys at this strain (Supplementary Fig.23c,
withthe calculation process detailed in the Methods). V*** represents
the volume of materialinvolved in athermally activated process under
external loading®*° and is directly linked to the interaction between
mobile dislocations and short-range obstacles in their slip planes™.
The 1" values for both alloys are similar. However, the CRA alloy
requires a higher external stress (3 GPa) to surmount internal pinning
sites and activate the same V**". Given their similar microstructures,
itislikely that the Frank-Read sourcesinboth alloys have comparable
characteristics. Despite this, the CRA alloy needs higher stress to acti-
vate these sources. The enhanced stability of SAGBs through interface
complexes formation not only increases the critical stress required
for plastic deformation, contributing to the alloy’s ultrahigh yield
strength, but also enhances dislocation storage capacity. This storage
isfacilitated by dislocation pile-ups at high-angle grainboundaries and
an increased number of Frank-Read dislocation sources enabled by
the stabilized SAGBs. These factors collectively account for the higher
dislocation density and reduced mean dislocation free path observed
in the CRA alloy during plastic deformation. Nevertheless, the CRA
alloy exhibited slightly lower tensile elongation than the CR alloy.
We attribute this apparent discrepancy between higher dislocation
density (Fig. 3f) and reduced total ductility (Fig. 1a) to the competi-
tion between enhanced dislocation storage and diminished damage
tolerance. Efficient dislocation accumulation sustains strain hardening
(Supplementary Fig. 24) and elevates the flow stress beyond 3 GPa, but
theresulting extreme stress state accelerates void nucleation and crack
initiation. Thus, although dislocation mediated hardening extends
uniform deformation, final fracture occurs earlier, limiting overall
elongation. The similar 1" values suggest that the stabilized SAGBs
in the CRA alloy are as traversable as those in the CR alloy, enabling
effective dissipation of high flow stresses and preventing excessive
local stresses. Furthermore, the cosegregation of Mo and B enhances
boundary cohesion?**, As aresult, the high density of stable SAGBs
strengthens the CRA alloy while maintaining a reasonable degree of
ductility at super-high flow stresses.

Conventional martensitic lath boundaries form rapidly during
phase transformation. As dense, high-energy defect structures, they
strengthen the material but block dislocation transmission, lead-
ing to early crack initiation and limiting ductility. By contrast, the
SAGBs engineered in this study were produced by cold rolling and
annealing, which reorganize dislocations into ordered, low-energy
configurations described by the Read-Shockley model®. The result-
ing dense, uniform network of SAGBs accelerates solute diffusion
during annealing, promoting widespread formation of Mo-B-C
interface complexes that stabilize the boundaries. Consequently,
strengthening shifts from dislocation tangles in the CR state to Hall-
Petch blocking in the CRA state. These decorated SAGBs effectively
impede slip yet remain semi-permeable to dislocations, delaying
stress concentration and crackinitiation—delivering the exceptional
3.05 GPayield strength with 5.13% tensile elongation. Thus, the inter-
face complex-decorated SAGBs are central to the strength-ductility
synergy of the alloy.

To further substantiate the critical role of interface com-
plexes, we conducted low-temperature annealing of the cold-rolled
(Fego_,C0,0M0,)906Bo5Co1 (x=7,9 and 11 at.%) alloys with varying Mo
contents, as well as on a Fe,,Co,,Mo, alloy without C and B addi-
tions, then examined their mechanical property evolution. Higher
Mo concentrations in the (Feq,_,Co,,M0,)q9¢Bo;Co; alloys enhance
both strength and ductility by enriching interfaces with Mo, thereby
promoting the formation of interface complexes during annealing
and enhancing mechanical properties (Supplementary Fig. 5). In the
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Fe,,Co,,Mo;; alloy, the absence of B/C segregation undermines ductil-
ity, limiting it to ~1% despite maintaining high strength (Supplementary
Fig. 7). Together, these results highlight the pivotal role of interface
complexes co-enriched with metallicand interstitial elementsin ena-
bling the simultaneousrealization of ultrahigh strength and ductility.

Consistent with our conceptual design strategy, a defect-rich
matrix capable of enduring severerolling is essential for achieving ultra-
high strength. Experimental validation confirms the ST alloy’s excep-
tional workability, withstanding over 85% thickness reduction during
cold rolling and exhibiting compressive plasticity exceeding 80%
(Supplementary Fig. 25). Its limited tensile ductility—fracturing at 2.76%
strain—stems from coarse martensitic laths (Supplementary Fig. 26)
where high-energy boundaries promote crack propagation, prevent-
ing activation of the transformation-induced plasticity effect under
tension (Supplementary Fig. 13). Under rolling, the near-hydrostatic
stress suppresses void opening and exceeds the critical stress for
transformation-induced plasticity, thereby enhancing strain harden-
ing and promoting progressive microstructural refinement into dislo-
cation cells and SAGBs. This microstructural reorganization replaces
brittle, high-energy lath interfaces with low-energy, defect-tolerant
SAGB:s, effectively decoupling the conventional strength-ductility
trade-off. Consequently, the CR alloy achieves concurrent improve-
mentsinbothyieldstrength and ductility, despite a substantial reduc-
tioninretained austenite.

To assess the universality of the interface complex strategy, we
systematically investigated the mechanical properties and microstruc-
tural evolution of (FesoCo,o(TiVMOW)10)99Bo3Co.1, (FE45C040V10)90.6Bo.
3Co. (FegoC0,5NigMOs)g0,6Bo 3Co1aNd (Fe45C020Ni;sMOs)go 6Bo 3Co all0Ys,
all processed via cold rolling followed by low-temperature annealing
(Extended Data Figs. 3-6). The comparable strengthening responses
observedinallalloys confirm the broad applicability of this interfacial
engineering approach.

Conclusion

In summary, we demonstrate that simple cold rolling followed by
low-temperature annealing enables the introduction of dislocations
andinterface complexes, driving a near-single-phase martensitic alloy
toexceed atensileyield strength of 3 GPa. During annealing, Mo, C and
B cosegregate at high-density SAGBs, forming interface complexes
that stabilize these boundaries and create effective pinning sites.
These complexes obstruct dislocation motion and preserving dislo-
cation transmission, striking a balance between strength and ductil-
ity. As aresult, the alloy achieves a tensile yield strength of 3.05 GPa
and a fracture elongation of 5.13%. This simple, broadly applicable
strategy marks a promising advance in the design of next-generation
ultrahigh-strength structural alloys.
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Methods

Alloy design and fabrication

Fe, Coand Mo were selected as the principal elements for alloy design.
The 1,350 °C isothermal section of the Fe-Co-Mo phase diagram*
(Supplementary Fig.1) was used to locate the single austenite region,
aprerequisite for obtaining a fully martensitic matrix after quenching.
Aninitial Mo content of 11 at.% lies at the boundary of this region and
was therefore selected.

To refine the Fe/Co ratio, CALPHAD calculations (Thermo-Calc,
TCFE13) were performed for the Fe,Cog,_ M0, system (Supplemen-
tary Fig. 2a). Theresultsindicate acomposition window of 39-59 at.%
Fe for maintaining the desired phase stability. Within this window,
we targeted the highest configurational entropy to enhance lattice
distortion and defect density within the martensitic matrix, syn-
thesizing four B- and C-bearing variants: (Fe;sC05,M0y;)90¢Bo3Co.1
(Fe44C045M011)906Bo3Co.1, (Fey9C04oMO11)996Bo3Co and
(Fe5,C035M041)906Bo 5Co 1. ROOM-temperature tensile tests on CR speci-
mens showed comparable strength and ductility across all four alloys
(Supplementary Fig. 2b). After annealing at 450 °C for 20 min, how-
ever, only the (Fe44,C045M011)996Bo3Co1 and (Fe;0C0,0M011)90,6B03Cos
alloys retained ductility, with the latter exhibiting the superior elon-
gation. X-ray diffraction analysis and SEM analyses (Supplementary
Fig. 2c-i) confirmed a martensitic matrix with minor boride particles
in every case. On the basis of these findings, an Fe/Co ratio of 49/40
was adopted.

The Mo content was further optimized through CALPHAD calcula-
tions across the Fe,,_Co,,Mo,system (Supplementary Fig. 3), followed
by experimental validation with alloys containing5,7,9,11and 13 at.%
Mo. Alloys containing 5 and 13 at.% Mo exhibited poor workability
due to the formation of brittle intermetallic phases (Supplementary
Fig.4). Within the processable window (7-11 at.% Mo), the strengthen-
ing contribution from interface complexes increased progressively
with Mo content (Supplementary Fig. 5a). To determine the upper
limit of Mo, a12 at.% Mo alloy was examined (Supplementary Fig. 6).
Although this alloy could be cold-rolled, its annealed counterpart
showed extremely limited ductility (1% elongation). Thus, 11 at.% Mo
provides the optimum trade-off among phase stability, workability
and segregation-induced strengthening, and the final composition
(Fe46C0,0MO0;1)006Bo5Co 1 Was fixed for all subsequent studies.

Bulk ingots with the nominal composition of (Fe,Co,,
Mo011)906B03Co1 (at.%) were prepared by arc melting a mixture of
high-purity raw materials (purity >99.95 wt.%) in a Ti-gettered, high-
purity argon atmosphere. Eachingot was remelted at least eight times
to ensure chemical homogeneity, then drop-cast into a water-cooled
copper mould (dimensions 10 x 10 x 80 mm?). The as-cast sheets were
homogenizedat1,200 °Cfor2 hinanargonatmosphere, producing the
ST alloy. These sheets were then cold-rolled to achieve a total thickness
reduction of approximately 85%, resultinginthe CR alloy. The ST speci-
men remained intact without visible cracks even after an 85% thickness
reduction (Supplementary Fig. 25a), confirming its capacity for severe
plastic deformation. Complementary uniaxial compression tests fur-
therreveal that the ST alloy can sustain compressive strains exceeding
80% (Supplementary Fig.25b). These results underscore the fundamen-
tal difference between tensile and compressive stress states, explaining
why limited tensile ductility does not hinder successful cold rolling. The
85% reduction ratio was selected as the optimal prestraining because
insufficient reductions fail to accumulate the stored energy required
for substantial interface complex formation, whereas higher reduc-
tions (for example, 92%) cause noticeable rolling cracks and reduce
post-anneal ductility to ~2% (Supplementary Figs. 27 and 28). Finally,
the CR alloy was annealed at 450 °C for 20 min and water-quenched
to yield the CRA alloy. The 450 °C/20 min condition was identified
as optimal annealing for interface complex strengthening through
additional experimental verification (Supplementary Fig. 29). Anneal-
ing at =500 °C embrittled the alloy (Supplementary Fig. 29a), while

extending the duration to 60 min increased strength at the expense
of ductility (Supplementary Fig. 29b). Thus, annealing at 450 °C for
20 min achieves near saturation of interface complex strengthening
while preserving the optimum strength-ductility balance. Moreover,
although the processing window is well defined, superior mechanical
properties are consistently reproduced (Supplementary Figs. 27-29),
confirmingthat the proposed processing strategy possesses both reli-
able tolerance and broad applicability.

Mechanical properties testing

Room-temperature uniaxial tensile tests were conducted using a
Shimadzu AGS-X-50 kN universal testing machine equipped with a
Shimadzu non-contact digital video extensometer at an initial strain
rate of 1.0 x 1073 s™, Flat dog-bone specimens, with a gauge length
of 20 mm and a cross-sectional area of 3.0 x 1.5 mm?, were prepared
along the longitudinal direction via electrical discharge machining.
Aminimum of three samples were tested for each conditionto ensure
statistical reliability.

Stress-relaxation tensile testing

Stress-relaxation tests were conducted to assess whether the observed
high flow stress arises from variations in the governing thermally acti-
vated processes. Dog-bone-shaped tensile specimens with dimensions
of 10 x 2 x 1.5 mm>were prepared. The specimens were strained to 1.8%
at a strain rate of 10s™, after which the cross-head of the testing
machinewas halted and held at 1.8% strain for 400 s. During this holding
period, theload was continuously recorded as afunction of time. Each
alloy underwent three independent stress-relaxation tests. The theo-
retical foundation of stress-relaxation testing lies in the stress-
dependent Gibbs free energy (AG(0)), which quantifies the energy
required for mobile dislocations to overcome metallurgical obstacles,
suchasinterstitial clouds, short-range ordered domains, forest disloca-
tions and precipitates. A key physical parameter derived from this
analysis, the apparentactivation volume (1***), represents the material
volumeinvolved in thermally activated processes under external stress.
1#PPisinfluenced by both the stress dependence of the mobile disloca-
tion density and their velocity. It can be determined by fitting the
stress-relaxation data to the following equation®:

NkgT
~ Vapp.

In (1+ Ci) 0

r

Ao(t) =

Here, Ao(t) represents the true stress drop as a function of
time (¢). kg, T, V*** and C, denote the Boltzmann constant, absolute
temperature, apparent activation volume and time constant, respec-
tively. The factor N, which converts the applied normal stress (o) to
resolved shear stress (1), was set to 3.06, consistent with the uniaxial
tensile loading condition of the specimens®.

Microstructure characterization

Synchrotronradiation ex situ HEXRD experiments were performed at
the Beijing Synchrotron Radiation Facility using a high-energy mono-
chromatic X-ray beam (60.05 keV, wavelength 0.02065 nm). A CeO,
standard was utilized to calibrate the detector position and orientation.
Two-dimensional (2D) diffraction patterns were recorded using a Pila-
tus3X 2M detector, The 2D images were subsequently integrated into
one-dimensional (1ID) HEXRD patterns along the azimuthal angle from
0°to20° viathe Dioptas software. In situ synchrotron HEXRD experi-
ments were conducted at the Powder Diffraction and Total Scattering
Beamline P02.1 of PETRA IIl at Deutsches Elektronen-Synchrotron
(DESY) in Hamburg, Germany®***, The beamline operated at 60 keV,
deliveringamonochromatic X-ray with awavelength of ~0.020738 nm.
Tensile measurements were carried out using a Kammrath & Weiss
stressrig, capable of withstanding loads up to 5 kN, positioned between
theincidentbeamandthe 2D detector. The subsized tensile specimens
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measured 12 mminlength, 2 mminwidth and approximately 0.6 mm
inthickness. Tensile tests were conducted at room temperature witha
constant cross-head speed, and theinitial strain rate was approximately
~1x107%s™, The sample-to-detector distance was about 1 m, with the
incident beam size measuring 0.6 mm x 0.6 mm. A LaB, standard was
used for calibrationto determine the detector distance and instrument
broadening. During tensile testing, 2D diffraction patterns were cap-
tured every 5 susing the Varex XRpad 4343CT fast areadetector (2,880
pixels x 2,880 pixels). The resulting 2D Debye-Scherrer diffraction
images were thenintegrated into 1D diffraction profiles using GSAS-II
software®. SEM was conducted on Tescan Mira 3 LMU FEG operated
at 20 kV. Electron backscattered diffraction (EBSD) analysis was car-
ried out on a Zeiss Sigma 300 microscope equipped with an Oxford
Symmetry detector operating at 15 kV. TEM imaging was performed
using a FEI Talos F200X at 200 kV. Aberration-corrected scanning TEM
measurements and EDS mapping were performed on a Thermo Fisher
Scientific Themis Z microscope operated at 300 kV with aChemiSTEM
EDS system. SEM samples were prepared through mechanical polishing
with diamond plaster followed by vibratory polishing with colloidal
silica suspension (Vibra 304). EBSD samples underwent additional
electropolishing in a solution of 10% perchloric acid and 90% ethanol
(vol.%) at 20 °C after mechanical polishing. TEM samples were pre-
pared via twin-jet electropolishing in a10% perchloric acid and 90%
ethanol (vol.%) solution at —20 °C following mechanical grinding.

APT analysis

APT analysis was performed on the CR and CRA alloys using a Cameca
Leap 5000 XR system, operating at a pulse repetition rate of 125 kHz,
a pulse fraction of 20% and a test temperature of 60 K. Data recon-
struction and analysis were performed using the Cameca AP Suite
6.0 software. Error bars for the 1D compositional profile were cal-

culated using
_ ja@-c)
20 = —N 2)

where Nrepresents the total number of atomsin the analysed volume,
and ¢;is the composition of each solute.

Data availability
Source dataare provided with this paper. Other datagenerated or ana-
lysed during this study areincludedin the Supplementary Information.
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Extended Data Fig. 1| Atom probe tomography measurements of the CR alloy. The experimental dataset demonstrates the uniform distribution of all elements in
the CRalloy. The error bars are standard deviations of the mean.
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Extended DataFig. 2| Calculation of the yield strength. Comparison of the friction strengthening, solid-solution hardening, dislocation strengthening,
calculated strength contributions Aoc, and experimental strength and grain boundary strengthening, respectively. The data points and error bars
contributions Adg,, for the CRand CRA alloys. The calculation results agree well represent the mean * standard deviation (s.d.) taken from four independently
with the experimental values. 0y, Adg,, Adg;s, and Agy, represent the lattice tensile samples.
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Extended Data Fig. 3| Mechanical properties and microstructural
characterization of the (Fe50C040(TiVMoW)10)99.6B0.3CO0.1alloy.

a, Room-temperature engineering stress-strain curves showing progressive
strengthening from the ST (1.065 GPa) and CR (1.778 GPa) states to the CRA state,
which exhibits a yield strength of 2.433 GPa and a fracture elongation of -5%.

The data points and error bars represent the mean + standard deviation (s.d.)
taken from three independently tensile samples. b, HEXRD patterns indicating
that all processing states are predominantly martensitic. ¢, Three-dimensional
EBSD orientation maps of the CRA alloy revealing retained deformation textures:
<101>along RD-ND and ND-TD planes, and <001 >/ < 111> in the RD-TD plane.
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d, f, Bright-field TEM images of the CRA alloy before tensile loading and at 3%
strain, respectively, showing a high density of dislocations in the TD-RD plane.

e, g, Corresponding SAED patterns confirming a single martensitic phase.

h, Atom probe tomography (APT) measurements of the CRA alloy. i, Three-
dimensional APT reconstruction with 0.5 at.% iso-composition surfaces for Cand
B, illustrating the co-segregation of Co, Ti, V, Mo, W, B, and C at SAGBs, indicative
of interface complexes formation. The one-dimensional compositional profile
(blue cylinders) compares the chemical composition across the SAGB and the
matrix, and the enlarged view (white square) details the C and B distributions
across the SAGB. The error bars are standard deviations of the mean.
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Extended Data Fig. 4 | Mechanical properties and microstructural samples. b, HEXRD patterns indicating that all processing states (ST, CR, CRA)
characterization of the (Fe50C040V10)99.6B0.3C0.1alloy. a, Room- predominantly consist of the martensite phase. c-e, SEM images of the ST, CR,
temperature engineering stress-strain curves showing enhanced tensile yield and CRA alloys, respectively, showing typical lath martensite morphology with
strength from 1.061 GPa (ST) and 1.506 GPa (CR) to 1.998 GPain the CRA state, minor boride phases. The formation of V-B-C interface complexes contributes

while retaining -5% fracture elongation. The data points and error bars represent to the crucial strengthening effect observed in the CRA alloy.
the mean + standard deviation (s.d.) taken from three independently tensile
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Extended Data Fig. 5| Mechanical properties and microstructural both CRand CRA states. ¢, h, SEM and d, i, EBSD images of the CR and CRA alloys,
characterization of the (Fe60C025Ni10M05)99.6B0.3CO0.1alloy. a, Room- respectively, revealing typical lath martensite morphology with minor boride
temperature engineering stress-strain curves showing anincreaseintensileyield  phases.e,j, Bright-field transmission electron microscopy (BF-TEM) images of
strength from 1.57 GPain the cold-rolled (CR) state to 2.25 GPa after annealing the CRand CRA alloys, respectively. f, k, Corresponding dark-field TEM (DF-TEM)
(CRA) without sacrificing -7% fracture elongation. The data points and error bars images, and g, I, SAED patterns acquired from the regions marked by red circles
represent the mean + standard deviation (s.d.) taken from three independently infandk, respectively.

tensile samples. b, XRD patterns confirming predominant bcc martensite in
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Extended Data Fig. 6 | Mechanical properties and microstructural
characterization of the (Fe60C020Ni15M05)99.6B0.3C0.1alloy. a, Room-
temperature engineering stress-strain curves showing anincrease in tensile
yield strength from 1.52 GPain the cold-rolled (CR) state to 2.35 GPa after
annealing (CRA), while maintaining ~-8% fracture elongation. The data points
and error bars represent the mean + standard deviation (s.d.) taken from three
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independently tensile samples. b, XRD patterns confirming that both CR and CRA
states are predominantly martensitic. ¢, h, SEM and d, i, EBSD images of the CR
and CRA alloys, respectively, revealing typical lath martensite morphology with
minor boride phases. e, j, BF-TEM images, f, k, corresponding DF-TEM images,
and g, I, SAED patterns acquired from the regions marked by red circlesinfandj,
respectively, for the CR and CRA alloys.
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