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Ductilization of 2.6-GPa alloys via short-range
ordered interfaces and supranano precipitates

Yong-Qiang Yan't, Wen-Hao Cha?3+, Sida Liu?*, Yan Ma*, Jun-Hua Luan®, Ziyuan Rao®”’,

Chang Liu'*, Zhi-Wei Shan', Jian Lu®*, Ge Wu'*

Higher strength and higher ductility are desirable for structural materials. However, ultrastrong alloys inevitably
show decreased strain-hardening capacity, limiting their uniform elongation. We present a supranano

(<10 nanometers) and short-range ordering design for grain interiors and grain boundary regions, respectively,
in fine-grained alloys based on vanadium, cobalt, and nickel, with additions of tungsten, copper, aluminum,
and boron. The pronounced grain boundary-related strengthening and ductilization mechanism is realized
through segregation of the short-range ordering near the grain boundary. Furthermore, the supranano ordering
with a larger size has an enhanced pinning effect for dislocations and stacking faults, multiplied and
accumulated in grain interiors during plastic deformation. These mechanisms promote continuously increased
flow stress until fracture of the alloy at 10% strain with 2.6-gigapascal tensile stress.

rain refinement is a practical approach

to simultaneously enhance strength and

ductility for coarse- and fine-grained

alloys () that has been widely applied

in industry. The yield strength of fine-
grained alloys is usually <1 GPa (2, 3). Although
the extreme refinement of grains to nanoscale
can substantially enhance the strength, ductil-
ity decreases as a result. A gradient structure,
with nano-sized grains on the surface to coarse
grain in the sample interior (4), and hetero-
structures (with different grain sizes) (5) are
successful alloy design strategies to simulta-
neously increase strength and ductility. The
strength is enhanced because of grain boundary
(GB) strengthening from the nanograin region.
During plastic deformation, dislocation multi-
plication in the coarse grains and the genera-
tion of geometrically necessary dislocations
near transition zones between the nanograin
and coarse-grain regions (5) facilitate high
strain-hardening rates, and thus, the ductility
is enhanced. Nanostructuring for the grain
interior is another important approach. Suc-
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cessful strategies include introductions of
coherent nanoprecipitates (6-9), short-range
ordering (SRO) (10-12), chemical heterogene-
ities (13, 14), and nanotwins (I5), among others.
The atomic interactions among these nano-
structures and dislocations promote multi-
plication of dislocations in the grain interior,
also enhancing strain-hardening rates. The
tensile strength of these alloys can be im-
proved to 1to ~2 GPa. To further strengthen
alloys to an ultrahigh strength level (e.g.,
>2.5-GPa tensile strength), various strengthen-
ing mechanisms should be introduced. How-
ever, the resultant decreased strain-hardening
rate usually induces unstable necking or forma-
tion of Liiders bands, for example. The localized
deformation substantially shortens uniform
elongation (e.g., <5% strain for 2.5-GPa alloys)
(16-18). Different from the above alloy design
strategies, which focus on distribution of
variant grain sizes or nanostructuring of grain
interiors, here we use SRO decorating GB
regions (short-range ordered interfaces) of
the face-centered cubic (FCC) phase in a fine-
grained FCC-BCC (body-centered cubic) dual-
phase alloy, facilitated by positive interfacial
interaction energy between the SRO and the
FCC matrix. The short-range ordered interface
can be categorized as a GB complexion (19),
substantially increasing the stress barrier
against dislocation motion—i.e., a higher yield
strength. Therefore, more dislocations pile up
near GB regions than in grain interiors during
plastic deformation. The activities of disloca-
tions (gliding and pile-up) disrupt the ordered
structure of the SRO, transformed into dis-
ordered solid solution—i.e., the order-to-disorder
transition. This behavior weakens stress con-
centrations on GB regions and thus impedes
cracking from GBs of the FCC phase. Further-
more, we introduce orderings (precipitates) of
<10 nm (supranano) in the grain interior of
the FCC phase. The supranano (20) is a metric
unit of length that is <10 nm, which is much
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larger than the size of SROs (<1 nm). There-
fore, the supranano orderings have a stronger
pinning effect for dislocations and stacking
faults (SFs). Such orderings make the motion
of dislocations and SFs slow, which increases
the possibility of their interaction and entan-
glement with other moveable dislocations. This
behavior promotes multiplication and accumu-
lation of these defects upon loading. The supra-
nano orderings are uniformly distributed in
the grain interior, and thus, the distribution of
the generated defects is also uniform, which
alleviates stress localization. These two kinds
of orderings have mutually complementary
strengthening and ductilization mechanisms
near GB regions and in grain interiors of the
FCC phase, respectively, facilitating a high
strain-hardening rate and large elongation.
The received ultrahigh flow stress transforms
a portion of the BCC phase (7.7% fraction) to a
FCC structure during deformation.

Results and discussion
Microstructure and composition

To realize ultrahigh yield strength, we refined
the grain size and introduced a secondary
harder phase by thermal treatments and roll-
ing processes. The reduced grain size shortens
the mean-free path of dislocations in the grain
interior and enhances interactions of the dis-
locations with the short-range ordered GB
regions in the FCC phase. We then performed
thermal aging to trigger formation of the
precipitate ordering, facilitating large uniform
elongation. The received VCoNi-W-Cu-Al-B alloy
has a dual phase structure (Fig. 1, A and B),
composed of FCC and L2, (an ordered BCC
phase) structures, with an average grain size of
1 um for both phases (fig. S1). The FCC phase
has an area fraction of 78.7%, dominating the
main structure of the material. Further reduc-
tion in the fraction of the FCC phase might
induce embrittlement of the alloy (2I). The
structure evolution of the alloy during thermal
and mechanical treatments is shown in fig. S2.
The compositions of the FCC and L2, phases
are Niz;Co3,Vo7Al, atomic % (at %) and
C031V5NigsAlisCuo sWo 5 at % (Fig. 1, Cand D),
respectively. Some tiny boride nanoparticles
with an average diameter of 240 nm discon-
tinuously embed between adjacent FCC-BCC
phase boundaries (fig. S3). The 1.2, phase and
boride nanoparticles may also contribute to
the strengthening effect. The L.2; phase reveals
a typical superlattice feature in a selected-area
electron diffraction (SAED) pattern (Fig. 1B,).
The SAED pattern of the FCC phase depicts
very weak diffraction spots of L1, structure
among the matrix lattice (Fig. 1B,), which is
different from that of other L1, nanoprecipi-
tated alloys (6-9). We performed atom-resolved
investigations from the <11 2> zone axis (Fig.
1F) using aberration-corrected scanning trans-
mission electron microscopy (STEM). The
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Fig. 1. Structure of the SS-alloy (containing both
SRO and S-L1, particle in the FCC phase).

(A) Reconstructed three-dimensional EBSD inverse pole
figure probed from normal direction (y), rolling
direction (z), and transverse direction (x). (B) Phase
image of the square region in (A), showing the FCC-
BCC dual-phase structure. Area fractions of FCC and
BCC phases are 78.7 and 21.3%, respectively.

(By and Bp) SAED patterns of the two phases, probed
from BCC <0 11> and FCC <0 1 1> zone axes,
respectively. (C) One-nanometer-thick side slice of
the three-dimensional reconstruction of a typical
atom probe tomography (APT) dataset, showing Al-
enriched and Al-depleted regions highlighted by an
isoconcentration surface in terms of an Al threshold
value of 12 at %. The APT tip may be sampled from
the area similar to the cyan dashed square region in
(B), with FCC phase embedded in BCC phase.

(D) One-dimensional compositional profile across

the region indicated with the arrow in (C), showing the
compositions of the FCC and BCC (L2;) phases.

The light shadows indicate statistical errors in terms of
the standard deviations. (E) Schematic illustration
from MD calculation, depicting the segregation and
precipitation behaviors of SRO and L1, particle near
GB region and in grain interior, respectively.

(F) Aberration-corrected high-angle annular
dark-field (HAADF) STEM image of the FCC phase,
probed from <1 1 2> zone axis. (G) Fast Fourier
transformation (FFT) image of (F), showing the main
diffraction spots of the FCC matrix (cyan dashed
circles), weak diffraction spots of the S-L1, particles
(yellow dashed circles), and blurry diffraction disks of
the SRO (pink arrows and dashed circles). (H) Enlarged
HAADF-STEM image (upper panel) of the dashed
green rectangle region in (F), showing the atoms of an
ordered particle and the disordered matrix arranged
with and without periodic Z-intensity, respectively
(lower panel). a.u., arbitrary units. (I and J) IFT
images of (F) generated by using the masks of SRO
and S-L1, diffraction spots and disks in (G), respec-
tively, highlighting the SRO and S-L1, regions in real
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space. (K) Combined IFT image, generated by using the masks of FCC, SRO, and S-L1, diffraction (d) spots and disks in (G), respectively, showing the configurations of the
SRO and S-L1, particle in the FCC matrix. The insets are enlarged images of the solid square regions and reveal lattice structures of the SRO and S-L1, particle,

coherent with the FCC matrix.

result shows a major disordered solid solution
structure but with occasionally brighter atoms
(Fig. 1, F and H) within the matrix lattice. A
careful inverse Fourier transformation (IFT)
analysis (Fig. 1, I and J) shows that the brighter
atoms are not randomly distributed. Rather,
they aggregate into two kinds of local order-
ings, SRO and supranano L1, (S-L1,) particle.
Because of their different crystalline structures,
the S-L1, particles are mainly formed by nu-
cleation in the FCC matrix instead of growth
from the SRO during aging. In this study, the
fractions of the S-L1, particle and SRO are 30
and 22%, respectively, in the FCC phase (fig.
S4). The size of S-L1, particles and SRO are 0.5
to ~4 nm and <1 nm, respectively (Fig. 1, I and
J). Therefore, the corresponding diffraction
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spots of the S-L1, particles are substantially
weaker than those of previously reported L1,
nanoprecipitated alloys (6-9), which usually
have a much larger precipitation size of 10 to
tens of nanometers. Furthermore, the diffrac-
tion feature of the S-L1, particles reveals weak
spots (Fig. 1G, dashed yellow circles) compared
with blurry disks for SRO (Fig. 1G, dashed pink
circles) because of a much larger size of the
S-L1, particles. The SROs with heterogeneous
structures and compositions are generally be-
lieved to multiply dislocations during plastic
deformation, improving ductility of the mate-
rials (J0-12). In fine-grained alloys, the volume
fraction of GB is large, so that the GB structure
has a big influence on mechanical behavior.
We performed careful composition investi-
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gation on GB regions of the FCC phase using
electron probe microanalysis (EPMA), showing
the absence of B (fig. S3). Therefore, the change
of atomic packing structure near GB regions
by segregation of B (22, 23) can be ruled out.
‘We then performed molecular dynamics (MD)
simulation to study GB segregation tendency of
the SRO and S-L1, particles in the FCC phase.
The result shows that the interfacial interaction
energy between the SRO and the FCC matrix
lattice is positive, which indicates a repulsive
interaction (Fig. 1E and fig. S5). This behavior
facilitates segregation of the SRO toward GB
regions of the FCC phase. By contrast, the
interfacial interaction energy is negative for the
case of S-L1, particles, promoting their precip-
itation in grain interiors (Fig. 1E and fig. S5).
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Fig. 2. Room-temperature tensile property of the SS-alloy. (A) Engineering tensile stress-strain curves of the SS-alloy, S'-alloy, S-alloy, and as-cast alloy. The

insets are fracture surface of the SS-alloy sample after tensile testing, revealing dimple-type pattern. (B) Strain-hardening rate evolutions of the alloys during tensile
straining. (Inset) Dislocation density evolution of the FCC phase in the SS-alloy during tensile straining. (C) UTS versus uniform elongation relation of the alloys in the
current study, compared with that of other ultrastrong CCAs (8, 16, 18, 39-50).

The experimental observations (Fig. 3G; and
fig. S6) confirm this theoretical result.

Mechanical properties

We performed identical tensile tests on as-cast
alloy, S-alloy (containing SRO in the FCC
phase), S-alloy, and SS-alloy (containing both
SRO and S-L1, particle in the FCC phase) (Fig.
2A). The as-cast alloy has a yield strength of
0.7 GPa and total elongation of 1.3% strain.
The yield strength and total elongation in-
crease to 2.1 GPa and 4.7% strain, respectively,
after additional rolling and thermal treatments
for the S-alloy. The enhancement of mechanical
property is mainly due to the refined dual-
phase structure and embedded SRO in the FCC
phase (fig. S7). The ultimate tensile strength
(UTS) is 2.3 GPa at 2.6% strain, and strain
softening occurs subsequently. After an addi-
tional 5 hours of aging at 500°C, the yield
strength and total elongation increase to 2.2 GPa
and 6.0% strain, respectively, for the S’-alloy.
The UTS is still 2.3 GPa but with a much larger
uniform elongation of 4.9% strain. With fur-
ther aging time (20 hours’ aging at 500°C), the
received SS-alloy has a further increased uni-
form elongation of 9.5% strain and a yield
strength of 2.2 GPa. We also conducted identical
tensile tests on a much thicker SS-alloy, and its
mechanical properties do not substantially
change (fig. S8). The morphology of the fracture
surface reveals a dimple-type pattern (Fig. 24,
inset), a ductile signature of the alloy. After
yielding, strain hardening lasts until fracture of
the alloy, inducing an ultrahigh UTS of 2.6 GPa
(Fig. 2, A and B). The structure difference of the
SS-alloy is the addition of S-L1, particles after
thermal aging compared with the reference
S-alloy, facilitating an increased yield strength
and much higher strain-hardening rate (Fig. 2B).
We calculated dislocation density of the FCC
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phase in the SS-alloy on the basis of in situ
synchrotron x-ray diffraction during ten-
sile tests. The result shows that dislocation
density increases during deformation. The
dislocation density of the FCC phase contin-
uously increases to >1 x 10'® m~2 after 2.6%
strain (Fig. 2B, inset), where that is the
reference S-alloy’s UTS point. Such a high
density of dislocations is comparable to that of
severely plastic deformed alloys (24), promot-
ing a high strain-hardening rate and prevent-
ing strain softening as in the reference S-alloy.
Dislocation motion can also be activated in the
ordered BCC phase during plastic deforma-
tion, although this phase is generally known
to be brittle (25, 26). We show that the ultra-
high flow stress induces BCC-to-FCC phase
transformation, and the confinement defor-
mation activates dislocation motions in the
BCC phase. We compared the mechanical
properties of the SS-alloy with those of other
ultrahigh-strength (UTS > 1.5 GPa) composi-
tional complex alloys (CCAs) at room temper-
ature (Fig. 2C and fig. S9). For a fair comparison,
we do not include the data of dilute alloys or
the alloys revealing nonuniform deformations
(e.g., with post-yielding, largely serrated plastic
flow). To highlight strain-hardening capacity
at ultrahigh flow stress, UTS versus uniform
elongation (Fig. 2C) and yield strength versus
hardened strength relations (fig. S9) are plotted.
The SS-alloy shows a good combination of
UTS, uniform elongation, and strain-hardening
capacity. The existing alloys with UTS exceed-
ing 2.5 GPa usually have very limited uniform
elongation (<5% strain). Furthermore, previ-
ous ultrastrong alloys show limited strain-
hardening capacity if their yield strength is
>2.0 GPa, restricting further hardening to UTS
of 2.6 GPa. The mechanical instability of these
ultrastrong alloys is usually attributed to early
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necking by strain localization (Z). Compared with
the reference S-alloy, the additional supranano
ordering in the SS-alloy can solve this problem.

Deformation mechanisms

The atomic interactions from the supranano
particles in the FCC phase facilitate the “extra”
strain hardening compared with that of the
reference S-alloy. Furthermore, we performed
TEM and aberration-corrected STEM inves-
tigations on the deformed FCC phase to reveal
deformation mechanisms (Fig. 3). The initial
FCC phase already contains a large number
of dislocations (Fig. 3A), consistent with the
synchrotron x-ray diffraction result (disloca-
tion density of 4.0 x 10> m™2; Fig. 2B, inset).
A high density of dislocations is introduced
by a cold-rolling process, inducing the high
yield strength of the SS-alloy. We performed
careful TEM investigations (fig. S10) on hot-
rolled recrystallized alloys with or without
thermal aging [the alloys have a much larger
grain size of 2 um (fig. S2) and reduced density
of dislocations], respectively, showing that the
formation of SRO and S-L1, particles is similar
to that of the S-alloy and SS-alloy. This indi-
cates that grain size and dislocation density do
not have substantial influence on the forma-
tion of SRO and S-L1, particles in the FCC
phase. The dislocation density should have
dynamic increasing during plastic deformation
to maintain strain-hardening capacity (24, 27-
29); otherwise, subsequent necking-induced
instability prevails, which decreases the duc-
tility of the alloy (S-alloy; Fig. 2A). In the current
SS-alloy, dislocation density has substantial
improvements during the whole deformation
process, shown by both TEM (Fig. 3, A to D) and
synchrotron x-ray diffraction (Fig. 2B, inset)
results. The plasticity carriers are mainly dislo-
cations at the beginning of plastic deformation
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Fig. 3. Structure evolution of the FCC phase in the SS-alloy upon tension. (A to D) Bright-field TEM
images of the FCC phase under different tensile strains, showing evolutions of dislocations and SFs. The TEM
images are in two-beam condition probed from <0 1 1> direction with a g = {1 1 -1} vector. The insets in (A)
and (D) are corresponding SAED patterns probed from <0 1 1> zone axis, showing weakening of S-L1,
diffraction spots after tension. (E) Aberration-corrected annular bright-field (ABF) STEM image of the FCC
phase after 9.5% tensile straining. The upper and lower regions contain few and substantial (denoted by
white arrows) dislocations, respectively. (E; and Ep) FFT patterns derived from the red and green square
regions in (E), respectively, showing disappearing of S-L1, diffraction spots in dislocation-enriched regions.
(E3) Enlarged aberration-corrected HAADF-STEM image of the dislocation-enriched region in (E), showing a
SF on the left and three dislocations on the right. (E4) Corresponding strain mapping of (E3) based on
geometrical phase analysis, revealing strain localizations by SF and dislocations. (F) Combined IFT image
generated from (E3), showing interactions among dislocations or SFs and S-L1, particles. (Fy) Enlarged image
of the dashed rectangle region in (F). (G) Aberration-corrected HAADF-STEM image of a FCC region near GB
before tension, probed from <1 1 2> zone axis. (Gy) Enlarged combined IFT image generated from the red square
region in (G), showing enrichment of SROs near GB. (H) Aberration-corrected HAADF-STEM image of a FCC
region near GB after 9.5% tensile straining, probed from <1 1 2> zone axis. (H;) Enlarged combined IFT image
generated from the red square region in (H). The distribution of SROs is uniform across GB, indicating disruption
of the ordering by motion of dislocations. (I) Kernel average misorientation (KAM) mapping of the SS-alloy before
tension. Strains are concentrated in most GB regions, which may be due to the enrichment of SROs near GB. (J) KAM
mapping of the SS-alloy after 9.5% tensile straining. Strain concentrations are uniformly distributed across GB and
grain interior.

(3% strain; Fig. 3B), and then SFs initiate sub-
sequently (Fig. 3, C and D). The diffraction
spots of the S-L1, phase become less pronounced
after deformation (Fig. 3, A and D, insets), in-
dicating an order-to-disorder transition. This
behavior is further demonstrated by an in situ
TEM tension experiment (fig. S11). Aberration-
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corrected high-resolution STEM observations
reveal that dislocation-enriched regions con-
tain much fewer S-L1, particles (Fig. 3, E; and
F). This indicates that the motion of disloca-
tions disrupts the ordered particles, transformed
into disordered solid solution. Although the
order-to-disorder transition of the S-L1, par-
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ticles may lower the degree of precipitation
strengthening in the FCC phase, the disloca-
tions can be effectively multiplied to counter-
act this softening and further provide strain
hardening. This effect is mainly due to the
hindering of dislocation motion by the S-L1,
particles ahead. Moreover, there are almost
no S-L1, particles on SFs, indicating another
order-to-disorder transition effect by SF mo-
tion (Fig. 3F,). Larger-sized S-L1, particles
still exist on two ends of the SF (Fig. 3F;), which
impedes the SF’s propagation. One particle
(~3-nm size) is highlighted by a red dashed
circle in Fig. 3F, which shows how it is much
larger than the average particle size (1.4 nm;
fig. S4). Therefore, more SFs are generated
from other planes, refining the microstructure
(Fig. 3D). The dynamically shortened mean-free
path of dislocations elevates the stress bar-
rier against dislocation motion, further enhanc-
ing the strain-hardening capacity. The SROs are
much smaller than S-L1, particles, and thus, the
pinning effect for dislocations and SFs is less
pronounced. This explains the shorter uniform
elongation of the reference S-alloy compared
with that of the SS-alloy (Fig. 2A). One may
argue that it is better to replace SROs with S-L1,
particles to enhance the ductility. That argu-
ment will be correct if the SROs only pre-
cipitated in the grain interior.

The current SRO provides an “extra” ducti-
lization mechanism, which cannot be realized
by the S-L1, particles. The S-L1, particles pre-
cipitate in grain interiors, but the SRO has
the opposite tendency, segregating near GB
regions of the FCC phase (Fig. 3, G and Gy).
This segregation scenario induces strain con-
centrations on GBs (Fig. 3I). This effect ele-
vates the stress barrier against nucleation of
dislocations from GBs, enhancing the yield
strength. However, it is reported that a large
number of dislocations may pile up on the
strain-concentrated GBs during plastic defor-
mation (4, 30, 3I), favoring generation of
microcracks. This effect is severe in conven-
tional ultrafine-grained alloys, owing to the
short mean-free path of dislocations. In the
current SS-alloy after tensile deformation,
however, the SROs are uniformly distributed
across the GB region and grain interior of the
FCC phase (Fig. 3H;)—the SRO near the GB
region is substantially weakened. This indi-
cates a higher probability of order-to-disorder
transition events of SRO near the GB region
compared with the grain interior because of
the more intense dislocation activities. The
complex SF energy and antiphase boundary
energy of the CCAs decay after dislocation
glide (32), and the dislocation activities ine-
vitably distort the local atomic packing struc-
ture of the SRO (33), promoting the transition
toward random solid solution. Because SROs
have a weaker pinning effect for dislocations
than S-L1, particles have, the dislocation pile-up

4 0of 6

G202 ‘vz Arenuer uo AlseAuN 1ea e Bio'sous oS mmmy/:sdny woly pepeoiumod



RESEARCH | RESEARCH ARTICLE

® srRO °S-L12 mm Dislocation m=m Stacking fault == Grain boundary

Increasing strain

W FCC 79.3%
Il BCC 20.7%)

Fig. 4. Deformation mechanism of the SS-alloy. (A to C) Schematic illustration showing the structure
evolution of the FCC phase upon tension. SRO and S-L1, particles are enriched near GB and in grain
interior, respectively, before tension (A). During tension, dislocation activities near GB induce order-to-
disorder transition of the SROs near GB, releasing strain concentrations (B). Large numbers of dislocations
and SFs are multiplied and accumulated in grain interiors because of the enhanced pinning effect from S-L1,
particles compared with that from SROs (C). (D and E) EBSD phase mapping images of the same region in the
SS-alloy before and after tension, showing BCC-to-FCC phase transformation from the phase boundary. (F and

G) TEM images of the ordered BCC phase before and after tension, probed from <0 1 1> direction witha g = {01 -1}

vector. The insets are corresponding SAED patterns.

configuration is also weaker. The disordering
of the SROs with a weaker dislocation pile-up
feature substantially relieves strain concen-
trations on the GB regions, impeding micro-
crack generation. Meanwhile, the uniformly
distributed SRO and S-L1, particles in the
grain interior favor the uniform accumulation
feature of dislocations. As a result, strain con-
centration scenarios are similar in the GB
region and grain interior of the FCC phase
(Fig. 3J). This strain delocalization mechanism
postpones crack generation and prolongs the
elongation. The uniformly multiplied disloca-
tions in the grain interiors and GB regions of
the FCC phase promote strain hardening.
The ordered BCC phase is usually harder
than the FCC phase, contributing to a higher
yield strength but reduced ductility (21). We
performed electron backscattered diffraction
(EBSD) investigations on the same region of an
SS-alloy sample before and after tension (Fig. 4,
D and E), which showed that the fraction of
the FCC phase increases from 71.6 to 79.3%
upon deformation, indicating a strain-induced
BCC to FCC phase transformation phenome-
non. This corresponds well with the in situ
synchrotron x-ray diffraction results during
tensile test (fig. S12). The BCC-to-FCC phase
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transformation usually occurs at the crack tip,
where it is under an ultrahigh stress level
(34, 35). It is suggested that shearing of the
lattice on a {0 1 1}pcc habit plane in the <1 -1
1>pcc direction induces this phase transforma-
tion, known as the Nishiyama-Wassermann
model (36). In the current SS-alloy, ~2.6-GPa
flow stress is an ultrahigh level among the
reported CCAs (Fig. 2C). The boundary of a FCC
region migrates into the adjacent BCC region
(Fig. 4, D and E, green dashed square), but the
SS-alloy seldom reveals nucleation of the FCC
phase inside a BCC grain upon deformation.
This indicates that the BCC-to-FCC phase trans-
formation mainly occurs from the FCC-BCC
phase boundary. The FCC phase, BCC phase,
and boride nanoparticles at the FCC-BCC phase
boundary have different intrinsic mechanical
properties (namely, differences in shear modulus
and Burgers vector), and thus, stress localiza-
tion preferably occurs at the phase boundary.
Therefore, the stress level should be much
higher than the average flow stress of the alloy,
promoting the BCC-to-FCC phase transfor-
mation. The displacive movements of lattice
planes can relieve stress concentrations. For
comparison, we also performed identical me-
chanical tests on reference alloys without W
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and Cu and without B, W, and Cu (fig. S13).
The reference alloys have reduced yield strength
and elongation, which in turn demonstrates the
strengthening and ductilization effect from the
boride nanoparticles in the SS-alloy. Dislocation
motion can be activated in the BCC phase (Fig.
4, F and G) and boride nanoparticles (fig. S3, C
and D), although the 1.2; BCC phase (25, 26)
and the boride are generally known to be brittle.
Because the FCC phase has the highest fraction,
has a larger grain size, and causes the ductile
deformation mechanism in the SS-alloy, the
dislocation motions in the brittle phases are
mainly due to confinement deformation with
the FCC phase (37, 38). Geometrically neces-
sary dislocations generated in the softer FCC
phase pile up near the phase boundaries, ren-
dering back stress in the softer FCC phase and
forward stress in the harder phases (the hetero-
deformation-induced stresses) (5). This hetero-
deformation mode near the phase boundaries
can also induce strain hardening of the dif-
ferent phases (5). The harder phases should
have globular-like morphology and be distrib-
uted uniformly among the alloy, delocalizing
stress concentrations on the phase boundaries.
These behaviors further ductilize the SS-alloy.
If the plastic flow stress of an alloy could not be
maintained at such a high level (e.g., traditional
dual-phase alloys with low flow stress), the
BCC-to-FCC transformation will not occur.
Therefore, the strengthening and ductilization
mechanisms from the SRO and S-L1, particles
(Fig. 4, A to C) in the FCC phase are the key
preconditions for this behavior.

Conclusions

In summary, we present a ductilization strategy
for 2.6-GPa alloys through short-range ordered
interfaces and supranano precipitates. The sup-
ranano precipitates are L1, particles with a
diameter of 0.5 to ~4 nm, coherent with the
FCC solid-solution matrix. They have a stron-
ger pinning effect for dislocations and SFs
during plastic deformation compared with
SROs, triggering multiplication and accumu-
lation of dislocations in grain interiors of the
FCC phase and thus a higher strain-hardening
rate. The SROs have positive interfacial inter-
action energy with the FCC matrix, promoting
their segregation near GB regions of the FCC
phase. This configuration is helpful for the
enhancement of yield strength. The less pro-
nounced pinning effect for dislocations favors
dislocation motion near GB regions of the FCC
phase, inducing the order-to-disorder transition
of the SROs. This behavior, together with
the weaker dislocation-pile-up configuration,
relieves strain concentrations at GBs of the
FCC phase during plastic deformation. Con-
sequently, strain variation is uniformly dis-
tributed across GB regions and grain interiors
of the FCC phase. Furthermore, the BCC-to-
FCC phase transformation occurs at FCC-BCC
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phase boundaries because of an ultrahigh stress
level during plastic deformation. The hetero-
deformation mode near the phase boundaries
can also induce strain hardening, and the dis-
placive phase transformation relieves stress
concentrations at the phase boundaries, further
ductilizing the alloy. The combined precipita-
tion structuring by supranano ordering and
interfacial decoration by SRO offer a strategy
to ductilize ultrastrong alloys, achieving large
uniform elongation with continuous strain
hardening until fracture, especially for alloys
exceeding 2.5-GPa tensile strength.
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