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a b s t r a c t 

The combination of different phase constituents to realize a mechanical composite effect for superior 

strength-ductility synergy has become an important strategy in microstructure design in advanced high- 

strength steels. Introducing multiple phases in the microstructure essentially produces a large number of 

phase boundaries. Such hetero-interfaces affect the materials in various aspects such as dislocation activ- 

ity and damage formation. However, it remains a question whether the characteristics of phase bound- 

aries, such as their chemical decoration states, would also have an impact on the mechanical behav- 

ior in multiphase steels. Here we reveal a phase boundary segregation-induced strengthening effect in 

ultrafine-grained duplex medium-Mn steels. We found that the carbon segregation at ferrite-austenite 

phase boundaries can be manipulated by adjusting the cooling conditions after intercritical annealing. 

Such phase boundary segregation in the investigated steels resulted in a yield strength enhancement by 

100–120 MPa and simultaneously promoted discontinuous yielding. The sharp carbon segregation at the 

phase boundaries impeded interfacial dislocation emission, thus increasing the stress required to activate 

such dislocation nucleation process and initiate plastic deformation. This observation suggests that the 

enrichment of carbon at the phase boundaries can enhance the energy barrier for dislocation emission, 

which provides a favorable condition for plastic flow avalanches and thus discontinuous yielding. These 

findings extend the current understanding of the yielding behavior in medium-Mn steels, and more im- 

portantly, shed light on utilizing and manipulating phase boundary segregation to improve the mechani- 

cal performance of multiphase metallic materials. 

© 2020 Published by Elsevier Ltd on behalf of Acta Materialia Inc. 
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. Introduction 

The development and application of advanced high-strength

teels (AHSSs) are of prime interest in the automotive industry

or attempts to reduce the weight of body-in-white and thus the

uel economy as well as to improve vehicle safety [1] . Numer-

us AHSSs have been proposed in the last decades to obtain high

trength (tensile strength above ~600 MPa) and simultaneously en-

ure good formability [1–3] . Due to economic constraints and bet-

er recycling, most recent alloy design concepts avoid using expen-

ive alloying elements or high alloying contents [4] . Instead, com-

ositionally lean alloys are targeted and thermomechanical treat-
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ents are used to produce multiphase microstructures with bal-

nced phase stability and a high density of interfaces [5,6] . This

pproach enables the utilization of a large variety of accessible

hase constituents (e.g. ferrite, austenite, martensite, and bainite)

n steels with the aim to utilize a mechanical composite effect for

chieving a superior strength-ductility synergy [7–10] . Due to the

ultiple phases, a large number of phase boundaries characterizes

uch microstructures. These hetero-interfaces differ from random

igh-angle grain boundaries in terms of their interface structure

nd chemistry [11,12] . Another feature associated with the pres-

nce of phase boundaries is the enhanced stress/strain concen-

rations at these interfaces due to the typically high mechanical

ontrast between adjacent phases [13–15] . These factors have been

sed to explain the influence of phase boundaries on the mechan-

cal behavior in multiphase AHSSs, such as the onset and pattern

f yielding [16,17] , damage tolerance [17-19] , as well as hydrogen

rapping and embrittlement [20,21] . 

https://doi.org/10.1016/j.actamat.2020.09.007
http://www.ScienceDirect.com
http://www.elsevier.com/locate/actamat
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Table 1 

Chemical composition of the investigated medium-Mn steel. 

Element Fe C Si Mn P S Al 

wt.% Bal. 0.064 0.2 11.7 0.006 0.003 2.9 

at.% Bal. 0.287 0.4 11.5 0.010 0.005 5.8 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 1. Temperature profile of the intercritical annealing and cooling procedures im- 

posed on the tensile specimens with the thickness of 1.25 mm. (WQ stands for wa- 

ter quenching, AC for air cooling, and RT for room temperature.) 
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Recently, medium-Mn steels with 3–12 wt.% Mn content have

attracted immense attention due to their excellent mechanical per-

formance (product of tensile strength and total elongation up to

~70 GPa% [22] ), which qualifies this type of steel as a promising

candidate material for the third generation of AHSSs [22–24] . Such

steels are commonly processed by intercritical annealing to pro-

duce a ferrite-austenite two-phase microstructure [22–25] . They

usually possess an ultrafine grain size (ranging from the submicron

level to a few micrometers), which could result from the austen-

ite reversion from a fine martensitic matrix and the associated

sluggish manganese partitioning during the intercritical annealing

[26] . Such a microstructure leads to a large area fraction of ferrite-

austenite phase boundaries. In many cases, this type of interface

even becomes the dominant and thus most relevant type of pla-

nar defects for the mechanical behavior in medium-Mn steels [16] .

In our previous study of an intercritically annealed medium-Mn

steel (Fe-10Mn-3Al-1Si-0.2C, in wt.%) [16] , we observed clear signs

of dislocation emission from the ferrite-austenite phase bound-

aries in the steel’s early yielding stage. The large phase bound-

ary area can provide a high density of dislocation sources, en-

tailing the rapid multiplication of mobile dislocations. This mech-

anism was proposed to be the major reason for the discontinu-

ous yielding phenomenon in medium-Mn steels [16] . It also gives

proof of the important role of phase boundaries in the mechan-

ical behavior in multiphase steels. It remains an open question,

though, whether the characteristics of these hetero-interfaces such

as the local chemistry also affect the yielding behavior in medium-

Mn steels. The chemical decoration state of grain boundaries and

its influence on yielding properties (e.g. yield strength and Hall-

Petch coefficient K y ) have been documented in several single-phase

steels [27–30] . However, corresponding investigations on phase

boundaries have been rarely reported. 

In the present study, we investigate the influence of phase

boundary segregation on the yielding behavior in ultrafine-grained

duplex medium-Mn steels. The carbon decoration of the ferrite-

austenite phase boundaries is controlled by adjusting the cooling

conditions after intercritical annealing. Its influence on the ini-

tiation of plastic deformation in both phases and the resulting

macroscopic yielding behavior (including yield strength and the

prevalence of continuous or discontinuous yielding) is analyzed us-

ing a multiscale microstructural and mechanical characterization

strategy. The underlying mechanisms of carbon segregation at the

phase boundaries and its effect on the associated dislocation emis-

sion in the early yielding stages are discussed. 

2. Experimental methods 

2.1. Material and processing 

A low-carbon medium-Mn steel with the chemical composi-

tion of Fe-11.7Mn-2.9Al-0.064C (in wt.%, Table 1 ) was investigated

in the current study. Casting and hot-rolling procedures were de-

scribed elsewhere [31] . The total thickness reduction imposed by

cold rolling was ~50% and the final thickness of the cold-rolled

sheet was 1.25 mm. Tensile test specimens were prepared along

the rolling direction and subjected to intercritical annealing in a

salt bath at 700 °C for 2 hours. Under such an annealing condition,

the thermal equilibrium was fully realized [32] . After intercritical

annealing, the specimens were either directly quenched into water
r cooled in air. The temperature profiles of these two cooling pro-

edures were measured by a thermocouple attached to the surface

f the specimens and the results are shown in Fig. 1 . The very high

ooling rate achieved by water quenching (~205 ˚C/s) allows freez-

ng the microstructure and the elemental distribution formed dur-

ng annealing at 700 °C. In contrast, the relatively low cooling rate

n air, especially when below 400 ˚C (lower than 3.5 ˚C/s, Fig. 1 ),

rovides enough time for short-distance diffusion of the intersti-

ial carbon atoms, thus fulfilling the kinetic conditions for interfa-

ial segregation. The water-quenched and air-cooled specimens are

eferred to as WQ and AC samples, respectively, hereafter. 

.2. Mechanical testing 

The room-temperature mechanical properties were evaluated

y quasi-static tensile tests, which were carried out according to

he DIN EN ISO 6892-1 standard in a Z4204 tensile machine at an

nitial strain rate of ~1 × 10 −3 s −1 . The gauge length and width

f the tensile specimens were 20 mm and 6 mm, respectively. An

ptical strain measurement system with a video extensometer was

mployed for quantifying the specimens’ strain. Three tests were

epeated for each cooling condition for achieving reasonable statis-

ics. The yield strength was determined as the upper yield point

or the sample showing discontinuous yielding and the 0.2% offset

trength for the case of continuous yielding. Digital image corre-

ation (DIC) was used to characterize the local strain distribution

nd the formation of Lüders bands during tensile testing. A sub-

ized tensile specimen with a gauge length of 4 mm and width of

 mm was used for this purpose. DIC data were analyzed by the

RAMIS software. 

.3. Microstructural characterization 

The microstructure of undeformed material and samples taken

rom interrupted tensile tests was characterized by a combination

f electron backscatter diffraction (EBSD) and electron channeling

ontrast imaging (ECCI) techniques [33] (a JEOL JSM-6500F and a

eiss Sigma 500 scanning electron microscope (SEM) for EBSD, and

 Zeiss-Merlin SEM for ECCI). The step size for EBSD measurement

as 50–60 nm. The acquired EBSD data (phase constituents, frac-

ions, grain sizes, interfaces, and misorientation) were analyzed us-

ng the software OIM Analysis TM V8.0. 
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Fig. 2. (a) Schematic illustration of the setup of the in situ synchrotron high-energy X-ray diffraction experiment ( B I and B D are the incident and diffracted beams, respec- 

tively; D is the detector distance between the sample and the two-dimensional detector; 2 θ hkl is the angle between the incident and diffracted beams; Q is the scatter 

vector; LD stands for loading direction and TD for transverse direction); (b) Contour map of the intensity integrated over azimuth angle from -5 ° to 5 ° during loading of the 

water-quenched (WQ) specimen; (c) Magnified contour plot of peaks γ 111 and α110 in (b); (d) Magnified contour plot of peak γ 200 in (b); (e) Integrated diffraction profile 

(open dots) of the WQ specimen prior to loading over azimuth angle of 360 ° as a function of scatter vector Q and the corresponding fitted peaks (solid lines) using the 

Rietveld refinement method. (f) Integrated diffraction profile (open dots) over azimuth angle from -5 ° to 5 ° and the corresponding fitted peaks (solid lines) using the single 

peak fitting method. 
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.4. Atom probe tomography 

The near atomic-scale elemental distribution across phase

oundaries was characterized by atom probe tomography (APT).

he measurements were conducted using a Local Electrode Atom

robe 40 0 0X HR instrument operated in laser-pulsing mode with

n ultraviolet laser (wavelength 355 nm). The base temperature in

he analysis chamber was maintained at 60 K. The frequency of

he laser pulses and the laser energy were 250 kHz and 30 pJ, re-

pectively. The APT samples were prepared using FEI® Helios TM 

anolab TM 660 dual-beam system. The analysis of the APT data

as carried out using the IVAS 3.8.0 software package. 

.5. In situ synchrotron high-energy X-ray diffraction 

In situ synchrotron high-energy X-ray diffraction (HEXRD) was

mployed mainly to investigate the micromechanical behavior

f individual phases during tensile deformation. The HEXRD ex-

eriments were conducted at the Powder Diffraction and Total

cattering Beamline P02.1 of PETRA III at Deutsches Elektronen-

ynchrotron (DESY) in Hamburg, Germany [34] . The beamline was

perated at a fixed energy of 60 keV, supplying a monochromatic

-ray with a wavelength of ~0.207 Å. Fig. 2 (a) illustrates the ex-

erimental setup of the in situ HEXRD experiments. A Kammrath &

eiss stress rig with a max load of 5 kN was placed between the

ncident beam and two-dimensional detector to perform the ten-

ile deformation. Sub-sized tensile specimens with a gauge length

f 12 mm and width of 2 mm were used. The tensile tests were

arried out at room temperature with a constant crosshead speed

orresponding to the initial strain rate of ~1 × 10 −3 s −1 . The sam-

le to detector distance was approx. one meter. The beam size of

he incident beam was 0.6 mm × 0.6 mm. The large probing

olume through sample thickness (1.25 mm) was able to include
ore than 255 million ultrafine grains with an average grain size

f 1.5 μm. This large detection volume yielded reliable statistical

nformation on the microstructure. The two-dimensional Debye-

cherrer patterns were recorded by a fast area detector Varex

Rpad 4343CT (2880 pixels × 2880 pixels). In order to cap-

ure the time-resolved microstructure evolution during deforma-

ion, the HEXRD data were acquired with high frequency, namely

ne diffraction pattern per second. 

For quantitative microstructure analysis, in terms of the frac-

ion of individual phases and their initial lattice parameters,

he recorded two-dimensional diffraction patterns were integrated

ver an azimuth angle of 360 ° into intensity-scattering vector (Q)

lots using the Fit2D software [35] . The diffraction profiles were

hen analyzed by the Rietveld refinement method with the aid of

he Materials Analysis Using Diffraction (MAUD) software [36] ; the

etailed procedures were documented elsewhere [37] . The good-

ess of the refinement can be evaluated by the weighted profile

-factor (R wp ). The R wp value for all the refinements in the present

ork is below 7.5%, suggesting the high reliability of the refine-

ent results. Fig. 2 (e) demonstrates one example of the calculated

iffraction profile using the Rietveld refinement. The diffraction

eaks of γ -austenite (face-centered cubic, i.e . FCC, Fm-3m space

roup) and α-ferrite (body-centered cubic, i.e . BCC, Im-3m space

roup) were distinguished. The fitted diffraction profile (solid lines)

howed a good agreement with the experimental diffraction data

open dots). 

To investigate the micromechanical response of the individual

hases upon deformation, the lattice strain along the loading di-

ection was analyzed. The diffraction pattern was integrated in the

ection over an azimuth angle from -5 ° to 5 °. The evolution of

he integrated peaks upon loading is shown as a contour map in

ig. 2 (b). The contour maps of the major crystallographic diffrac-

ion planes γ 111 and α110 , as well as γ 200 , are enlarged in Fig. 2 (c)
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Fig. 3. Electron backscattered diffraction (EBSD) phase maps of (a) the water-quenched (WQ) sample and (b) the air-cooled (AC) sample (ND stands for normal direction, RD 

for rolling direction, and KS OR for Kurdjumov-Sachs orientation relationship); (c) Average grain size of the two specimens measured by EBSD; Synchrotron high-energy X-ray 

diffraction (HEXRD) profiles of (d) the WQ sample and (e) the AC sample; (f) The volume fraction of austenite determined by EBSD and HEXRD; (g) The lattice parameter of 

austenite and ferrite measured by HEXRD. (The HEXRD results were averaged over three measurements.) 
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and (d), respectively. The diffraction peaks shifted to the lower

scatter vector values upon deformation, suggesting an increase

in the lattice-plane spacing. To determine the precise interplanar

spacing ( d hkl ) of individual lattice planes, the integral diffraction

peaks were then fitted by the single peak fitting method using

the Gaussian function. An example of the fitting result is shown

in Fig. 2 (f). The lattice strain ( ɛ hkl ) was calculated by the following

equation [38] : 

ε hkl = 

(
d σhkl − d 0 hkl 

)
/d 0 hkl (1)

where d σ
hkl 

and d 0 
hkl 

are the lattice-plane spacing under loading and

prior to loading, respectively. 

Furthermore, the weighted average lattice strain ( ̄ε ph ) of indi-

vidual phases was calculated as follows [38] : 

ε̄ ph = ( ̄a σ − ā 0 ) / ̄a 0 (2)

where ā σ and ā 0 are the weighted average lattice parameter un-

der loading and prior to loading, respectively. The weighted aver-

age lattice parameter can be calculated by the following equation

[38] : 

ā = 

∑ 

hkl 

f hkl · a hkl (3)

where f hkl is the intensity fraction of the {hkl} reflection over all

analyzed peaks; a hkl is the lattice parameter calculated from the

{hkl} reflection. 

3. Results 

3.1. Microstructure 

The microstructure of the WQ and AC samples after intercrit-

ical annealing are shown in Fig. 3 (a) and (b). Both showed an

ultrafine-grained duplex microstructure consisting of α-ferrite and

γ -austenite with an equiaxed grain morphology. Such two-phase

microstructure was also validated by the HEXRD measurements

( Fig. 3 (d) and (e)). Carbide precipitation during cooling was likely

suppressed due to the low carbon content and the addition of

aluminum [39,40] , thus no diffraction peaks of carbides can be
ound even in the AC sample. The average grain size of austen-

te and ferrite was similar for the two samples (1.1 μm for γ and

.5 μm for α in the WQ specimen; 1.0 μm for γ and 1.4 μm for

in the AC specimen), Fig. 3 (c). The fraction of austenite was

lso very similar for the two samples, as demonstrated by both

BSD (58.6 vol.% and 58.9 vol.% for the WQ and AC samples, re-

pectively) and HEXRD results (59.0 ±0.2 vol.% and 58.4 ±0.7 vol.%

or the WQ and AC samples, respectively), Fig. 3 (f). The ultrafine

rains in the two samples resulted in a high density of inter-

aces, as quantified by EBSD ( Table 2 ). In particular, the ferrite-

ustenite phase boundaries constituted the major type of high-

ngle interface boundaries, with fractions of 72.6% and 66.1% for

he WQ and AC specimens, respectively. The characteristics of

hese interfaces are important for the mechanical behavior, espe-

ially for the onset of plasticity (i.e . yielding) in this type of ma-

erial, as will be shown in Sections 3.2 to 3.5 . An approximate

urdjumov-Sachs (KS) orientation relationship [41] , characterized

y {111} γ ||{110} α and < 1 ̄1 0 > γ || < 1 ̄1 1 > α , was predominantly ob-

erved between austenite grains and their adjacent ferrite grains,

s highlighted by the yellow lines in Figs. 3 (a) and (b). The lat-

ice parameter of austenite and ferrite, determined by the HEXRD

ethod, was also similar for the two samples (3.6107 ±0.0 0 04 Å for

and 2.8819 ±0.0 0 02 Å for α in the WQ sample; 3.6104 ±0.0 0 06 Å

or γ and 2.8818 ±0.0 0 04 Å for α in the AC sample), Fig. 3 (g). This

bservation suggested no evident difference in the average carbon

oncentration of each phase between the two samples [42] . It can

hus be concluded that the two samples upon different cooling

rocedures showed a high similarity of microstructural features, in

erms of phase constituents, fractions, grain sizes, and grain mor-

hologies. 

.2. Carbon segregation at the ferrite-austenite phase boundaries 

The behavior of the solute element distribution across the α-

phase boundaries observed in the two samples is shown in

ig. 4 . In both specimens, γ -austenite was enriched in manganese

nd carbon, while α-ferrite was enriched in aluminum ( Figs. 4 (c)

nd (e)). This phenomenon was due to solute element partition-

ng occurring during intercritical annealing at 700 ˚C [43,44] . The

PT data showed that the concentration of the solute elements in
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Table 2 

Length and relative fraction of different types of high-angle interface boundaries (HABs, misorientation angle > 10 °) in the 

water-quenched (WQ) and air-cooled (AC) specimens based on electron backscattered diffraction measurements. (Probing area 

20 × 25 μm 

2 , containing roughly 470 grains). 

Type of boundaries 

WQ specimen AC specimen 

Length (μm) Relative fraction to HABs (%) Length (μm) Relative fraction to HABs (%) 

High-angle boundaries 2120.0 100 2160.1 100 

α- α grain boundaries 105.9 5.0 108.2 5.0 

γ- γ grain boundaries 388.8 18.4 509.6 23.6 

�3 twin boundaries in γ 85.6 4.0 114.5 5.3 

α- γ phase boundaries 1539.7 72.6 1427.8 66.1 

Fig. 4. Three-dimensional atom probe tomography maps of carbon and manganese in (a) the water-quenched (WQ) specimen and (b) the air-cooled (AC) specimen (The 

phase boundary is marked by an 11 at.% Mn iso-concentration surface.); (c) and (e) Distribution of carbon, manganese, and aluminum atoms in the vicinity of the ferrite- 

austenite phase boundary, taken from the selected region of interest (ROI) marked in (a) and (b), respectively (Note that the different sphere sizes in (c) and (e) are due to 

the different image magnification levels, as indicated by the scale bars.); (d) and (f) Corresponding two-dimensional concentration maps of carbon in the ROI in (a) and (b), 

respectively. 

Table 3 

Concentration of major elements in the matrix of ferrite and austenite 

in the water-quenched (WQ) and air-cooled (AC) specimens measured by 

atom probe tomography. (Average concentration in a region of the APT tip 

from 60 nm to 80 nm away from the interface.) 

Element 

(at.%) 

WQ specimen AC specimen 

Ferrite Austenite Ferrite Austenite 

Fe 85.02 ±0.55 81.16 ±0.65 84.84 ±0.80 79.97 ±0.87 

Mn 6.99 ±0.26 14.03 ±0.36 6.95 ±0.49 14.88 ±0.49 

Al 7.63 ±0.46 3.93 ±0.55 7.71 ±0.68 4.40 ±0.63 

C 0.06 ±0.04 0.44 ±0.09 0.05 ±0.02 0.44 ±0.17 
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errite and austenite was similar for the two samples ( Table 3 ).

his observation suggested that the cooling conditions had neg-

igible impact on overall elemental partitioning. However, the lo-

al carbon distribution at the α- γ phase boundaries was substan-

ially influenced by the cooling condition, as illustrated by the two-

imensional carbon concentration maps in Fig. 4 (d) and (f) and fur-

her by the one-dimensional carbon concentration profile in Fig. 5 .
The phase boundary was marked by an 11 at.% Mn iso-

oncentration surface ( Fig. 4 ), and the carbon concentration profile

as plotted using the proximity histogram (proxigram) approach

elative to the Mn iso-concentration surface [45] ( Fig. 5 ). For the

Q specimen, no carbon enrichment was observed at the phase

oundary ( Fig. 4 (d) and Fig. 5 (a)). However, carbon enrichment

as pronounced in the AC specimen ( Fig. 4 (f)), as revealed by the

lear carbon spike at the phase boundary (see the carbon profile in

ig. 5 (b)). Hereafter, the observed carbon enrichment at the phase

oundary is referred to as carbon segregation following the termi-

ology used in Ref. [46] , even though the underlying mechanisms

ould be different from the segregation at grain boundaries, which

ill be discussed in Section 4.1 . 

The carbon spike was built up almost at the position of the

riginal phase boundary (marked by the position of the 11 at.% Mn

so-concentration surface, i.e. 0 nm in Fig. 5 (b)), with approx. 1 nm

hift towards the ferrite. This result implied that (1) the interface

igrated slightly towards the ferrite during air cooling, and (2)

ustenite decomposition was unlikely, which was expected to lead

o the migration of the hetero-interface towards the austenite. The
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Fig. 5. Carbon concentration profiles relative to the position of the phase boundary in (a) the water-quenched (WQ) specimen and (b) the air-cooled (AC) specimen. 

Fig. 6. (a) Engineering stress-strain curves of the water-quenched (WQ) and air-cooled (AC) specimens (the arrow indicates an increase in yield strength); (b) Local strain 

distribution covering the whole gauge section of the two specimens in the yielding stage. 
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concentration of the carbon spike for this sample was determined

to be ~1.48 at.%, which was about five times higher than the nomi-

nal carbon content (0.29 at.%) of the material, as well as more than

three times and 25 times higher than the carbon content within

austenite (~0.44 at.%) and ferrite (~0.06 at.%), respectively. These

clear differences in the carbon segregation behavior between the

WQ and AC specimens was observed in all the probed APT tips

containing phase boundaries (three APT tips for each cooling con-

dition). Such a high degree of carbon segregation at the α- γ phase

boundaries has not been reported before for ultrafine-grained du-

plex medium-Mn steels. Its origin will be discussed in Section 4.1 . 

3.3. Mechanical properties 

The influence of the cooling condition on the tensile behavior

is shown in Fig. 6 . The WQ specimen demonstrated a clear con-

tinuous yielding behavior, i.e . , no upper and lower yield points ap-

peared in the tensile curve ( Fig. 6 (a)) and no localized deformation

bands were found over the whole yielding stage (as shown in the

DIC results in Fig. 6 (b)). In contrast, a yield drop was observed in

the AC specimen ( Fig. 6 (a)), despite its small value (the difference

between upper and lower yield points was ~3 MPa). Also, the DIC

results showed the formation of a Lüders band with a local strain

of ~3%. The band nucleated roughly at the upper yield point and

propagated towards both sides along the tensile axis during defor-
ation ( Fig. 6 (b)). During the band propagation, the plastic defor-

ation was localized, and thus the macroscopic stress was main-

ained almost constant until the band passed through the entire

ensile gauge. These observations revealed a clear discontinuous

ielding phenomenon for the AC sample. Furthermore, it was ob-

erved that the AC sample possessed a higher yield strength com-

ared with the WQ sample (656 ±17 MPa for the AC sample vs.

56 ±14 MPa for the WQ sample). Such a difference in the yield

trength and macroscopic yielding behavior between the two sam-

les is deemed to be related to the substantial carbon segregation

ound at the α- γ phase boundaries ( Figs. 4 and 5 ), as will be dis-

ussed in Section 4.2 . 

.4. Yielding behavior of individual phases tracked by in situ 

ynchrotron HEXRD 

The deformation behavior of individual phases was further

ompared between the two samples, with particular attention to

he initial regime of the plastic deformation (i.e . yielding). Such

nalysis was realized by in situ synchrotron HEXRD experiments,

hich allows tracking the deformation-driven change in lattice

train with good statistical evidence. The possible austenite-to-

artensite phase transformation during yielding could also be de-

ected by HEXRD in the yielding stage. 
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Fig. 7. (a) Engineering stress-strain curves of the water-quenched (WQ) and air-cooled (AC) specimens (acquired from the stress rig used in the in situ synchrotron high- 

energy X-ray diffraction experiments, note that no extensometer was used here and the strain was determined from the crosshead displacement); (b) Magnified region from 

the region of interest in (a), showing the change in the slope of the engineering stress-strain curves (the arrows indicate the start of the curves’ deviation from linearity); 

(c) The amount of transformed austenite as a function of applied engineering strain (the arrows indicate the onset of the austenite to α’-martensite phase transformation). 

Table 4 

Summary of characteristic mechanical strength indicators for the water-quenched (WQ) and air-cooled 

(AC) samples obtained from standard specimens (gauge length 20 mm and width 6 mm) and sub-sized 

specimens used in the synchrotron high-energy X-ray diffraction (HEXRD) experiments (gauge length 

12 mm and width 2 mm). (R p0.2 is the 0.2% offset yield strength; R eH is the upper yield strength; R m is 

the ultimate tensile strength, R Bulk 
e is the microyielding stress of the bulk material determined by the 

start of the tensile curve’s deviation from elastic linearity; R 
γ
crit 

and R α
crit 

are the critical stress for the 

onset of plastic deformation in austenite and ferrite, respectively, determined by the deformation-driven 

change in the weighted average lattice strain.) 

Strength (MPa) Standard specimen Sub-sized specimen (in HEXRD experiments) 

R p0.2 R eH R m R p0.2 R eH R Bulk 
e R 

γ
crit 

R α
crit 

WQ 556 ±14 n.a. 858 ±5 558 n.a. 461 461 525 

AC n.a. 656 ±17 851 ±22 n.a. 642 533 533 604 
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The tensile curves of the two samples acquired from the stress

ig during HEXRD experiments are shown in Fig. 7 (a). It is worth

oting that no extensometer was used here thus the strain value

as determined by the crosshead displacement. In addition, a sub-

ized tensile specimen (gauge length 12 mm and width 2 mm) was

sed in the HEXRD experiments. These two factors led to some

ifferences between the tensile curves in Figs. 7 (a) and 6 (a), with

espect to the elongation value and the slope in the elastic de-

ormation stage. Nevertheless, the difference in yield strength be-

ween the two samples and their different yielding phenomena

ere not affected by the specimen size or the instrumental con-

itions. The major focus here was to investigate the initiation of

lastic deformation, hence the analysis of the HEXRD data was

onfined to the applied engineering strain below 5.5%. This part

f the tensile curves is magnified and shown in Fig. 7 (b). Both

urves showed a deviation from linearity at certain stress val-

es before the macroscopic yield points (the upper yield point

or the AC sample and the 0.2% offset yield point for the WQ

ample). This deviation marked the occurrence of microyielding,

.e . some grains with favorable conditions started to be plasti-

ally deformed while others were still in the elastic deforma-

ion regime. The critical stress values for the occurrence of mi-

royielding was determined to be 461 MPa (3.1% applied strain)

or the WQ specimen and 533 MPa (3.3% applied strain) for the

C specimen, as summarized in Table 4 . At these critical val-

es, deformation-induced austenite to α’-martensite transforma-

ion had not yet occurred in either specimen, as shown in Fig. 7 (c).

n fact, α’-martensite formation only occurred near or beyond the

acroscopic yield point at much higher stress values ( Fig. 7 (c)), i.e .

48 MPa (3.7% applied strain) for the WQ specimen and 640 MPa

4.5% applied strain) for the AC specimen. Therefore, the onset
f plastic deformation (microyielding) in both samples should not

e affected by austenite-to-martensite phase transformation, but

ather resulting from the nucleation and gliding of dislocations.

ithin the analyzed deformation regimes (below 5.5% strain), no

vident asymmetry of the BCC diffraction peaks was observed

ue to peak overlapping between ferrite and α’-martensite. This

as due to the small amount of α’-martensite formation at this

eformation stage (below 4.9 vol.% and 2.5 vol.% for the WQ

nd AC specimens, respectively) and its low carbon concentra-

ion. The latter was essentially the same as the carbon content

n the parent austenite (~0.44 at.%), which could only result in a

mall tetragonality of the martensite crystal lattice (c/a = ~1.005)

47] . 

The change in lattice strain for each crystallographic reflection

n the two specimens as a function of applied engineering strain

s shown in Fig. 8 (a) and (c). The values of four reflections for

ustenite ( γ 111 , γ 200 , γ 220 , and γ 331 ) and three reflections for fer-

ite ( α110 , α200 , and α211 ) are presented. The lattice strain evolu-

ion of individual crystallographic planes differed from each other

n the elastic regime, as suggested by their different slopes shown

n Fig. 8 (a) and (c). These differences could be explained by the

lastic anisotropy of the cubic crystallographic structure [38] . Nev-

rtheless, both specimens showed a common feature, namely, the

attice strain of all crystallographic planes in austenite showed

n earlier change in slope (deviating from linearity) than the lat-

ice strain in ferrite ( Fig. 8 (a) and (c)). This observation suggested

hat in both samples, austenite was plastically softer than fer-

ite, thus the onset of plastic deformation occurred first in the

ustenite grains. The results concur well with the findings re-

orted for other medium-Mn steels with a similar microstructure

16,48] . 
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Fig. 8. Lattice strain of individual crystallographic reflection planes as a function of applied engineering strain for (a) the water-quenched (WQ) specimen and (c) the air- 

cooled (AC) specimen; (b) and (d) Weighted average lattice strain of individual phases in the WQ and AC specimens, respectively (the arrows indicate the start of the curves’ 

deviation from linearity). 
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The weighted average lattice strain for each phase was cal-

culated based on Eq. 2 . The results for the WQ and AC speci-

mens are shown in Fig. 8 (b) and (d), respectively. The point of

the onset of plastic deformation (microyielding), suggested by the

start of the curve’s deviation from linearity, was determined for

each phase in the two specimens and the corresponding critical

stresses are also summarized in Table 4 . For both specimens, the

microyielding of austenite occurred at the same stress level as the

bulk microyielding point, suggesting that the microyielding of the

two samples was mainly controlled by the plastic deformation of

austenite. Nevertheless, the macroscopic strength should be influ-

enced by both phases, as both phases showed evidence of plas-

tic deformation below the macroscopic yield point. Compared with

the WQ specimen, it was observed that both austenite and ferrite

in the AC specimen yielded at a higher stress level, i.e. 461 MPa

for γ and 525 MPa for α in the WQ specimen vs. 533 MPa for

γ (an increase by ~72 MPa) and 604 MPa for α (an increase by

~79 MPa) in the AC specimen. This observation revealed that both

phases in the AC sample were less prone to plastically deform,

in agreement with the material’s higher macroscopic yield resis-

tance. A slight decrease in the lattice strain of austenite was ob-

served after macroscopic yielding in both samples ( > 4.1% ap-

plied strain and > 4.3% applied strain for the WQ and AC speci-

mens, respectively, Fig. 8 ). This result indicated a stress relaxation

in austenite, which could be due to the load partitioning (redistri-

bution) between ferrite and austenite [49,50] and/or the formation

of deformation-induced martensite [16,51] . The latter introduces an

internal compressive stress on austenite, counteracting the tensile

stress. 
.5. Deformation micromechanisms of the individual phases 

To further study the deformation micromechanisms of each

hase in the yielding stage, ex situ correlative EBSD and ECCI

xperiments were performed. The two samples were gradually

tressed into the microplastic regime, i.e. up to 550 MPa for the

Q specimen (macroscopic yield strength 556 MPa) and 650 MPa

or the AC specimen (macroscopic yield strength 656 MPa). Their

icrostructural evolution upon different tensile stress levels is

emonstrated in Figs. 9 and 10 . For each specimen, two typical

robing areas are presented, one focusing on austenite and the

ther on ferrite. 

In the WQ specimen, prior to deformation, there were a few

rown-in stacking faults in austenite and dislocations in ferrite,

s shown in Fig. 9 (a) and (d). When the sample was stressed to

50 MPa, both phases were found to be plastically deformed, as

videnced by the appearance of new stacking faults in austenite

nd new dislocations in ferrite ( Fig. 9 (b) and (e)). The fraction of

lastically deformed grains was estimated to be 72% for austen-

te and 23% for ferrite, based on ECCI observations where in total

2 austenite grains and 52 ferrite grains were analyzed. In many

ases, the plastic deformation of austenite and ferrite was driven

y dislocation nucleation at the α- γ phase boundaries and their

urther gliding into the grain interiors. Such preferable dislocation

ucleation behavior at the phase boundaries was directly observed

y ECCI ( Fig. 9 (c) and (f)) and also reflected by an increase in

ocal misorientation at the phase boundaries areas (see the ker-

el average misorientation (KAM) maps in Fig. 9 (b) and (e)). In-

ide the austenite grain, a perfect dislocation readily dissociated
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Fig. 9. Microstructure evolution of the water-quenched (WQ) specimen upon tensile loading investigated by correlative electron backscattered diffraction and electron 

channeling contrast imaging: (a) and (d) microstructure prior to the deformation; (b) and (e) microstructure at the tensile stress of 550 MPa; (c) and (f) the corresponding 

magnified regions in (b) and (e). (PM stands for phase map and KAM for kernel average misorientation; the arrows in (c) and (f) indicate several dislocation nucleation sites 

at the ferrite-austenite phase boundaries.) 
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nto two partial dislocations due to the low stacking fault energy

~11 mJ/m 

2 [31] ) and their gliding resulted in the extension of

tacking faults. EBSD plane trace analysis showed that the gliding

f these partial dislocations proceeded along the {111} planes. 

In comparison to the WQ specimen, a similar deformation fea-

ure was observed in the AC specimen, namely, preferable disloca-

ion nucleation at the α- γ phase boundaries for both austenite and

errite ( Fig. 10 (e) and (j)), when exposing the sample to a stress of

50 MPa, i.e. slightly below the macroscopic yield point (656 MPa).

owever, at 550 MPa, where most austenite grains yielded in the

Q specimen, only a small portion of austenite grains (22% out

f in total 85 probed grains) was plastically deformed in the AC

pecimen ( Fig. 10 (c)) and no plastic deformation inside ferrite was

bserved (in total 47 probed grains, Fig. 10 (h) as one example).

hese observations matched well with the microyielding stress of

he two phases in the AC specimen, i.e. 533 MPa for austenite and

04 MPa for ferrite determined by in situ HEXRD. 

The above results showed that the initiation of plastic defor-

ation in both samples was driven by dislocation nucleation at

he α- γ phase boundaries. Different cooling procedures employed

ere did not alter such yielding mechanism, but rather affected the

ritical stress for phase boundary dislocation nucleation. This dis-

ocation nucleation process is obviously more difficult for the AC

pecimen. 

. Discussion 

The results presented in Section 3 showed that most mi-

rostructural features (phase constituents, fractions, grain sizes,

nd grain morphologies) of the investigated medium-Mn steel re-

ained unchanged upon the different cooling procedures (water

uenching vs. air cooling) after intercritical annealing. This means

hat the major microstructural difference between the WQ and AC

amples was the carbon segregation at the ferrite-austenite phase
oundaries. In this section, we first discuss the origin of this strong

egregation. Then we correlate the phase boundary segregation

ith the observed microscopic and macroscopic strengthening ef-

ect in the AC specimen. This correlation provides novel insights

nto the strategy for future microstructure design, which is dis-

ussed in the last part of this section. 

.1. Influence of the cooling rate on carbon segregation at the phase 

oundary 

The absence of carbon segregation at the α- γ phase boundaries

n the WQ sample in the investigated material agreed well with

revious reports on other medium-Mn steels subjected to intercrit-

cal annealing (above 750 °C) and rapid cooling [52,53] . This result

uggested that the isothermal holding at the intercritical temper-

ture (here 700 °C) did not result in obvious equilibrium segrega-

ion of carbon at phase boundaries. It also indicated that the cool-

ng rate of water quenching (~205 ˚C/s) was high enough to pre-

erve the carbon concentration profile formed during intercritical

nnealing at 700 °C. Non-equilibrium segregation, which depends

n the formation of vacancy-solute complexes and their diffusion

owards interfaces during cooling [54] , is not supposed to play a

ital role in the current case. At the relatively modest annealing

emperature applied here (700 °C), the formation of a sufficiently

arge concentration of vacancies is not likely [54] . Thus, the ob-

erved pronounced carbon segregation at the phase boundaries in

he AC sample is attributed to its lower cooling rate ( Fig. 1 ), which

rovided a wide time window for carbon diffusion towards inter-

aces during cooling. 

More specifically, there are two possible thermodynamic driv-

ng forces for such carbon segregation. One is similar to the driv-

ng force for equilibrium segregation at grain boundaries [55,56] ,

hich is due to the requirement for the reduction of the interfa-

ial energy as formalized in terms of the classical Gibbs adsorption
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Fig. 10. Microstructure evolution of the air-cooled (AC) specimen upon tensile load- 

ing: (a) and (f) phase maps of the selected areas; (b) and (g) microstructure prior 

to the deformation; (c) and (h) microstructure at the tensile stress of 550 MPa; (d) 

and (i) microstructure at the tensile stress of 650 MPa; (e) and (j) the corresponding 

magnified regions in (d) and (i). (The arrows in (e) and (j) indicate several disloca- 

tion nucleation sites at the ferrite-austenite phase boundaries.) 
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isotherm [55,56] . In this case, a difference in the chemical poten-

tial of carbon between the phase boundaries and the crystal lat-

tices results in the segregation of carbon atoms towards the phase

boundaries. Carbon segregation to grain boundaries has been ob-

served in both ferritic and austenitic steels [28,57–60] . The carbon

concentration at α- α grain boundaries can be much higher than

the carbon solubility inside of the ferrite grains, namely by a factor

of ~10 4 [59,60] . However, the segregation amount depends on the

chemical potential of a solute element in the bulk and in the in-

terface, which can be greatly different for individual systems. Also,

the carbon segregation coefficient at γ - γ grain boundaries is usu-

ally relatively low, of the order of ~10 1 [57] . The accurate interfacial

energy for the α- γ phase boundaries is not well known, and de-

pends on the chemical composition and details of the distortion of

the crystal structures of the adjacent phases, as well as their orien-

tation relationship, etc. [61] . Even though the segregation amount

in the current case is not that high, the equilibrium segregation
ould occur at such phase boundaries, i.e. we do not rule out that

 certain thermodynamic equilibrium segregation trend may apply

n the current case. To further justify such a possibility, the inves-

igated steel was intercritically annealed at a lower temperature

550 °C) for 10 hours, followed by rapid cooling (cooling rate >

00 °C/s), as a decrease in the annealing temperature could result

n a higher degree of equilibrium interfacial segregation [62] . The

arbon profile across the α- γ phase boundary is shown in Fig. S1

supplementary material). A clear carbon spike was observed at the

hase boundary. This result denoted that the equilibrium segrega-

ion of carbon, driven by the reduction of the interfacial energy,

oes occur in the case of the phase boundaries. 

The other driving force lies in the trend for carbon partition-

ng across the α- γ phase boundaries to maintain local equilibrium

uring air cooling [44,63] . Such a driving force can be rationalized

ased on the temperature dependence of elemental partitioning

etween the two phases. We performed the thermodynamic cal-

ulation to predict the equilibrium elemental partitioning (includ-

ng both interstitial and substitutional elements) between austenite

nd ferrite. The calculation was implemented using the Thermo-

alc software in conjunction with the TCFE9 database. The nominal

omposition Fe-11.7Mn-2.9Al-0.064C (in wt.%) was employed, and

arbides were not included as they were not observed experimen-

ally. It should be noted that for solute partitioning, especially for

ubstitutional elements (here Mn and Al), it is difficult to achieve

quilibrium during the air-cooling process. Therefore, the calcula-

ion here only provides a thermodynamic background and serves

s a qualitative assessment to rationalize the possible driving force

f the observed carbon segregation at the phase boundaries. 

The equilibrium carbon content in austenite and ferrite as a

unction of temperature is shown in Fig. 11 . It shows that the car-

on partitioned into austenite at equilibrium increases at lower

emperatures ( Fig. 11 (a)). When considering kinetics, due to the

igh mobility of carbon in ferrite, carbon atoms can diffuse quickly

o the interface, and a local equilibrium of carbon could be ap-

roached at the α- γ phase boundaries. However, the much lower

iffusivity of carbon inside austenite (more than five orders of

agnitude lower than carbon diffusivity in ferrite [64] ) limited

ts diffusion out of the interface regions. In some extreme cases,

.g. when the diffusion occurs at modest temperatures (i.e. dur-

ng air cooling), this confined region could become very narrow

nd appear as a spike with the width of only a few nanometers.

uch partitioning-driven enrichment of solute atoms at interphase

oundaries was also referred to as segregation by Bruggeman and

ula [46] . 

It is worth pointing out that studies of phase boundary segre-

ation are scarce in the literature [61,65] , and the application of

egregation theories (i.e. equilibrium and non-equilibrium segre-

ation) in phase boundary segregation requires further systematic

nvestigations. The treatment for such types of hetero-interfaces

iffers from that for grain boundaries, due to their very different

tructures, chemistry, and interfacial energy. Therefore, fundamen-

al research needs to be conducted in this field to further elucidate

he mechanisms of phase boundary segregation. 

.2. Phase boundary segregation-induced strengthening and 

iscontinuous yielding 

Next, we discuss the influence of phase boundary segregation

f carbon on the yielding behavior in the investigated steel. Be-

ore addressing this point, it is worthwhile to mention that the in-

rease in yield strength and the occurrence of discontinuous yield-

ng have not only been observed in the current duplex medium-

n steel subjected to slow cooling. These phenomena are also of-

en observed in some low-carbon steels with a single-phase fer-

itic microstructure after static strain aging [66,67] , typically ex-
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Fig. 11. Equilibrium concentration of carbon in (a) γ -austenite and (b) α-ferrite in the steel Fe-11.7Mn-2.9Al-0.064C (in wt.%) as a function of temperature from 700 °C 
down to 0 °C, calculated by the Thermo-Calc software using the TCFE9 database. 
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lained by the Cottrell-Bilby theory [68] , that is, the interaction be-

ween dislocations and interstitial carbon atoms. During aging, in-

erstitial atoms tend to diffuse into the distorted dislocation cores

nd lock the grown-in dislocations in position. A higher stress is

hus required to unlock these anchored dislocations and initiate

he plastic flow. Indeed, these possible carbon-dislocation interac-

ions could not be fully eliminated in the current AC sample, even

hough no evident carbon segregation at dislocations was observed

n the probed APT tips. However, when applying the Cottrell-Bilby

heory to explain the observed increase in yield strength in the AC

ample, we encountered several difficulties, which are listed as fol-

ows. 

i The Cottrell mechanism increases the yield strength in the cir-

cumstances when the materials’ plastic deformation is initiated

by the gliding of grown-in dislocations. However, this situation

is different from our observation in the investigated medium-

Mn steel, where the plastic deformation of many austenite and

ferrite grains was driven by dislocation nucleation at the α- γ
phase boundaries and their further gliding into the grain in-

teriors ( Section 3.5 ). Such preferable dislocation nucleation at

phase boundaries in the investigated steel is most likely due to

the ultrafine grain size [69,70] , which can suppress dislocation

generation from Frank-Read sources due to the reduced dislo-

cation segment length and the strong influence of dislocation

back stresses [71] . This ultrafine grain-induced interfacial dis-

location emission has also been documented and discussed in

other alloys (e.g. pure Al [69] , interstitial-free steels [72] , and

high-Mn austenitic steels [70] ), where interstitial elements are

either absent or interacting only weakly with dislocations. 

ii The results in Sections 3.4 and 3.5 showed that the observed

enhancement of the macroscopic yield strength in the AC sam-

ple was due to the more reluctant plastic deformation in both

ferrite and austenite. HEXRD results revealed that the air cool-

ing increased the critical stress for the plastic deformation in

austenite by a similar level (~72 MPa) compared with that of

ferrite (~79 MPa). Such a high level of strength increase for

austenite could not be explained by solute-dislocation interac-

tions. It was reported that the interaction between carbon and

dislocations in austenite is very weak, i.e. with a binding en-

ergy of only ~0.015 eV much lower than that in ferrite (~0.8 eV)

[73,74] . Other possible solute-defect interactions inside austen-

ite, such as the Suzuki effect which describes substitutional

element (e.g. Mn) segregation to stacking faults, are also un-

likely to markedly influence the strength level. This point is

supported by some investigations on high-Mn austenitic steels
[30,75] . Kang et al. [30] compared the tensile properties of a

Fe-28Mn-0.3C steel (grain size ~16 μm) subjected to either wa-

ter quenching or air cooling and observed only a small increase

in yield strength by ~15 MPa in the air-cooled sample. Wes-

selmecking et al. [75] performed a bake-hardening treatment

(at 170 ˚C for up to 30 min) on a Fe-19Mn-2Cr-1Al-0.4C steel

(grain size ~3 μm) and found that the resulting strength in-

crease was almost negligible for a small pre-strain level (e.g.

2%). 

These aspects suggest that the Cottrell mechanism, which is

enerally used to explain the yield strength increase in coarse-

rained ferritic steels after slow cooling or bake-hardening treat-

ent, could not be adopted as a cause in the current ultrafine-

rained duplex medium-Mn steel. We thus believe that the pri-

ary reason for the higher yield strength in the AC sample lies

n the carbon segregation at the ferrite-austenite phase bound-

ries, which increases the critical stress for dislocation nucleation

t these interface regions. In this context, the yielding of austen-

te and ferrite can be influenced by a similar degree ( Table 4 ), as

he initiation of plastic deformation in both phases relies on such

 dislocation nucleation event ( Section 3.5 ). 

It has been proposed for single-phase materials that the dislo-

ation sources at grain boundaries could be grain boundary dis-

ocations [76,77] or grain boundary ledges [77,78] . The accumula-

ion of solute atoms at theses source regions might stabilize them,

aking dislocation nucleation at grain boundaries more difficult

27-29] . This point has been used by some researchers to correlate

olute element segregation at random high-angle grain boundaries

n single-phase steels with the observed increase in the Hall-Petch

oefficient K y [27–30] . The latter has been proposed to be associ-

ted with the energy (or critical stress) required to emit disloca-

ions from grain boundaries [79] . As dislocations and ledges also

xist inside phase boundaries [80] , the above explanation can also

e extended to the situation of phase boundary segregation. From

n atomistic point of view, molecular dynamics simulations sug-

est that dislocation emission from interfaces is associated with a

ocal reshuffling of the atoms inside the interfaces [81] . This re-

rrangement can be hindered by a strong interaction between the

olvent and the segregating atoms, suggesting that a higher energy

arrier for dislocation nucleation has to be overcome [81,82] . The

trong interaction between carbon and iron atoms was rational-

zed by ab initio calculations [83] , which revealed that carbon en-

anced the localization of electrons at the iron atoms and assisted

he covalent character of interatomic bonds between iron and car-

on. Another explanation for the suppressed interface dislocation
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Fig. 12. Quasi-static tensile property of a high carbon-containing medium-Mn steel 

(Fe-10.4Mn-2.9Al-0.185C, in wt.%) subjected to cold rolling and intercritical anneal- 

ing at 750 ˚C for 5 min, followed by either water quenching (WQ) or air cooling 

(AC). 
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t  
emission due to carbon segregation comes from the work of Kang

et al. [84] and Wesselmecking et al. [75] . They proposed that Mn-

C short-range ordering (SRO) can form in high-Mn steels and serve

as obstacles against dislocation glide upon yielding. In this con-

text, the accumulation of carbon atoms at or near phase bound-

aries might promote the formation of Mn-C SRO at these regions,

thus a higher stress would be required for the interface dislocation

nucleation process. 

The above-proposed strengthening mechanism, i.e. carbon seg-

regation at the phase boundaries and its effect on the increase

in the critical stress for dislocation nucleation at these interface

regions, can also be used to explain the observed discontinuous

yielding phenomenon in the AC sample. In single-phase materials

with ultrafine grain size (e.g. pure Al [69] , interstitial-free steels

[72] , and high-Mn austenitic steels [70] ), discontinuous yielding is

normally attributed to the high area fraction of interfaces which

can act as both sinks and sources for dislocations [85] . Dislocation

nucleation from interface sources (e.g. ledges) requires to over-

come an energy barrier [78] , which means that the stress for nu-

cleating dislocations is higher than that for further dislocation glid-

ing. Such stress difference constitutes an important contribution to

the abrupt and rapid plastic flow avalanches, promoting the oc-

currence of discontinuous yielding [16,27] . The current investigated

steel contained a relatively low carbon content (0.064 wt.%), which

also ensured a low carbon concentration at the phase boundaries if

no segregation occurred (i.e. the WQ sample). In this case, the en-

ergy barrier for phase boundary dislocation emission might not be

high enough to result in significant plastic flow avalanches. Thus,

a continuous yielding behavior was prevalent in the WQ sample.

In contrast, air cooling promoted carbon segregation at the phase

boundaries. This could effectively enhance the energy barrier of

dislocation emission and thus the stress difference between dislo-

cation nucleation and gliding, which transformed the yielding be-

havior of the AC sample to a discontinuous manner even though

the bulk composition was not changed. 

The above discussion complements our current understanding

of discontinuous yielding in ultrafine-grained duplex medium-Mn

steels [16] , by adding the point that besides dislocation nucleation

at phase boundaries and its further multiplication, the chemistry of

the phase boundary itself also plays a vital role in the occurrence

of discontinuous yielding. In the literature, discontinuous plastic

yielding has been frequently reported in medium-Mn steels with

elevated carbon content (above ~0.10 wt.% [86] ) even in the water-

quenched state (i.e. where carbon segregation at the phase bound-

aries is not expected). In these medium-Mn steels, the carbon con-

centration at the phase boundaries is supposed to be intrinsically

high enough to trigger discontinuous yielding even without pro-

nounced interfacial carbon segregation. Nevertheless, the degree

of discontinuous yielding in these steels can further be amplified

by additional phase boundary segregation. To give an example, we

show the tensile curves of another medium-Mn steel (Fe-10.4Mn-

2.9Al-0.185C, in wt.% [87] ) subjected to intercritical annealing (750

°C for 5 min) followed by either water quenching or air cooling

( Fig. 12 ). Similarly, this 0.185C medium-Mn steel also possessed an

ultrafine-grained ferrite-austenite duplex microstructure (austenite

fraction ~47 vol.%, average grain size 0.34 μm for γ and 0.39 μm

for α in the water-quenched sample) [87] . It was expected that

the air cooling applied for this material also resulted in carbon

segregation at the ferrite-austenite phase boundaries. This steel

showed a discontinuous yielding regardless of the cooling proce-

dures. However, the value of the yield drop (the difference be-

tween upper and lower yield strength) was much higher for the

air-cooled sample (~96 MPa) compared with its water-quenched

counterpart (~38 MPa, Fig. 12 ). In addition, this steel also showed

an increased yield strength by ~120 MPa after air cooling. This re-

sult thus provided an additional case, supporting the influence of
hase boundary segregation on enhancing yield strength and pro-

oting discontinuous yielding in medium-Mn steels. 

.3. Implications on future microstructural design of multiphase 

aterials 

Solute element decoration at interfaces can sometimes signifi-

antly influence the macroscopic mechanical properties of metal-

ic materials. Some types of impurity segregation weakens the in-

erface and can even cause intergranular fracture in steels, for in-

tance, the temper embrittlement phenomenon caused by phos-

horous segregation at grain boundaries [55] . In contrast, boron

egregation at ferrite or prior-austenite grain boundaries can re-

lace the phosphorous segregation and effectively enhance inter-

ace cohesive strength, resulting in better toughness [88] . Manip-

lating such solute decoration to improve materials’ mechanical

erformance has been considered as a successful microstructural

ngineering approach and is referred to as segregation engineer-

ng [56] . However, the previous application and discussion of this

pproach has been limited to grain boundaries [56] or twin bound-

ries [89] . Here we show, for the first time, that carbon segre-

ation at hetero-interfaces (i.e. the ferrite-austenite phase bound-

ries) can also result in the enhancement of the yield strength of

teels, demonstrated here exemplarily through an increase by ~100

Pa for a Fe-11.7Mn-2.9Al-0.064C steel and by ~120 MPa for a

e-10.4Mn-2.9Al-0.185C steel. Such a phase boundary segregation-

nduced strengthening effect augments the arsenal of interfacial

egregation engineering mechanisms. In this respect, the engineer-

ng of phase boundary segregation might be even more readily fea-

ible and more flexible than conventional grain boundary segrega-

ion (which usually follows the Gibbs adsorption isotherm, i.e. it

s an equilibrium segregation by nature), as it can be facilitated

nd accelerated by solute element partitioning between adjacent

hases. This aspect means that such a type of kinetically governed

nterface segregation can be adjusted over a wide range, depend-

ng on heat treatment and cooling protocols, unbound by the Gibbs

dsorption isotherm. The present study thus generally highlights

he importance of phase boundaries and their intrinsic character-

stics, particularly their chemistry, revealing a novel and very effi-

ient tool for microstructure manipulation. 

. Conclusions 

In the present work, the influence of carbon segregation at

he ferrite-austenite phase boundaries on the yielding behavior in
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ltrafine-grained duplex medium-Mn steels was systematically in-

estigated. The main conclusions are summarized as follows: 

• We found that different cooling conditions (i.e. water quenching

and air cooling) after intercritical annealing strongly affected

the behavior of carbon segregation at the ferrite-austenite

phase boundaries. The water-quenched sample did not show

evidence of carbon segregation, while air cooling resulted in

a pronounced carbon spike at the phase boundaries, with the

value (~1.48 at.%) about five times higher than the nominal car-

bon content (0.29 at.%) of the material. Other microstructural

features including phase constituents, fractions, grain sizes, and

morphologies remained unchanged upon the different cooling

procedures. 

• The sharp carbon enrichment at phase boundaries in the air-

cooled sample was attributed to the slow cooling rate, espe-

cially at low temperatures (below 400 ˚C). This provided suffi-

cient time for carbon diffusion to the interfaces, which could

be driven by the requirement for the reduction of the inter-

facial energy and particularly the carbon partitioning across

the ferrite-austenite phase boundaries to maintain local equi-

librium. For the latter case, the limited carbon diffusivity in

austenite inhibited carbon diffusion out of the interface regions,

thus confining its enrichment to the nearest trap, viz., the phase

boundaries. 

• The phase boundary segregation of carbon resulted in a sub-

stantial increase in the yield strength by 100–120 MPa and

simultaneously promoted discontinuous yielding. In particu-

lar, the segregation in the low-carbon medium-Mn steel (Fe-

11.7Mn-2.9Al-0.064C, in wt.%) transformed its yielding from a

continuous behavior to a discontinuous pattern. 

• A combination of in situ synchrotron high-energy X-ray diffrac-

tion and ex situ electron channeling contrast imaging experi-

ments revealed that carbon segregation at the ferrite-austenite

phase boundaries impeded dislocation emission at these inter-

faces, causing a higher stress level for activating dislocation nu-

cleation and initiating the plastic flow in both phases. The more

difficult plastic deformation of both phases thus led to the ob-

served higher yield strength in the air-cooled sample. The ob-

servation also suggests that the presence of carbon at phase

boundaries enhances the energy barrier for dislocation nucle-

ation. This can provide a more favorable condition for plastic

flow avalanches, thus promoting discontinuous yielding. 

• This study complements the current understanding of discon-

tinuous yielding behavior in medium-Mn steels, by adding

the point that besides dislocation nucleation at phase bound-

aries and its further multiplication, the chemistry of the phase

boundary itself also plays a vital role in the occurrence of dis-

continuous yielding. The findings also shed light on future mi-

crostructural design strategies in multiphase metallic materials,

by showing how to utilize and manipulate phase boundary seg-

regation to improve mechanical performance. A special feature

of the chemical manipulation of hetero-interfaces through such

partitioning effects is, that it is not bound by the Gibbs adsorp-

tion limit (such as for the case of classical grain boundary seg-

regation) but can be adjusted over a wide range of decoration

states, depending on the diffusion coefficients of the adjacent

phases, the thermal treatment and the cooling conditions. 
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